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Résumé 

L’athérosclérose est une des maladies cardiovasculaires les plus récurrentes dans le monde, 

consistant dans l’obstruction d’une artère par des dépôts fibreux. Un des traitements les plus 

utilisés consiste dans l’implantation d’un stent, une mèche métallique tubulaire, afin de rouvrir 

l’artère et restaurer le flux sanguin. Un stent est normalement conçu pour rester dans le patient 

pour toute sa vie, mais des réactions inflammatoires peuvent se manifester à long terme. Pour 

cette raison, et pour pouvoir aussi traiter des jeunes patients, des stents biodégradables ont été 

pensés. Parmi eux, un dispositif à base de magnésium a reçu l’approbation à la commercialisation 

dans l’Union Européenne en 2016. Bien que ce dispositif se soit démontré sécuritaire dans des 

essais cliniques, sa taille est beaucoup plus grande que celle des stents permanents communément 

utilisés à cause des faibles propriétés mécaniques de la matrice. Une famille de matériaux avec 

des excellentes propriétés mécaniques et un bon potentiel de dégradation sont les aciers à 

plasticité induite par maclage, composés de fer, manganèse et carbone. En revanche, leur 

applicabilité clinique n’est pas actuellement possible car leur dégradation est entravée par la 

formation d’une couche de produits de dégradation pendant ce processus. Ce travail propose 

d’ajouter une petite quantité d’argent à un acier composé de fer, manganèse et carbone pour 

accélérer le processus de dégradation sans réduire ses propriétés mécaniques. Les travaux de 

cette thèse ont porté sur le développement de ces alliages, leur validation métallurgique et l’étude 

de leur dégradation. Ces études ont montré que l’ajout d’argent n’a pas affecté significativement 

les propriétés mécaniques de l’alliage de base. Au contraire, il a été observé que cet ajout a 

modifié la structure de l’alliage sous une déformation plastique et sa capacité de récupérer la 

structure initiale après une telle déformation. Au niveau de la dégradation, la présence d’argent 

n’a pas permis d’accélérer ce processus, étant efficace seulement dans les premiers jours. En 

opposition, l’évolution du mécanisme de dégradation jusqu’à six mois détecté dans cette thèse 

est très proche du comportement observé dans des tests sur des animaux conduits par d’autres 

chercheurs. En conclusion, bien que la stratégie retenue ne se soit pas révélée efficace pour 

atteindre l’objectif ciblé, les avancées dans la compréhension du mécanisme de dégradation et 

de la mise en forme des aciers à plasticité induite par maclage pour des stents vasculaires peuvent 

permettre le développement d’autres stratégies efficaces à long terme pour permettre à ces 

alliages de se dégrader dans le corps humain.  
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Abstract 

Atherosclerosis is one of the most recurring diseases in the world, consisting in 

obstruction of an artery by fibrous deposits. One of the most used treatments consists in 

implanting a stent, a tubular metallic mesh, for reopening the artery and restoring blood flow. A 

stent is normally designed to remain in the patient for all his life, but inflammatory reactions may 

occur at long terms. Because of this, and also for treating young patients, biodegradable stents 

were designed. Among them, a magnesium-based device received approval for 

commercialization in the European Union in 2016. Although this device proved safe in clinical 

trials, its size is much larger than permanent stents. This is due to the low mechanical properties 

of the matrix. A family of materials with excellent mechanical properties and a good degradation 

potential are twinning-induced plasticity steels, made of iron, manganese and carbon. On the 

other hand, their clinical applicability is currently not possible since their degradation is hindered 

by formation of a stable product layer during this process. This work proposes to add a small 

quantity of silver to a steel made of iron, manganese and carbon to accelerate the degradation 

process without reducing its mechanical properties. The works in this thesis dealt with 

development of such alloys, their metallurgical validation and the study of their degradation. 

These studies showed that the addition of silver did not significantly affect mechanical properties 

of the base alloy. On the contrary, it was observed that this addition modified the alloy structure 

under plastic deformation and its capability to recover its initial structure after such a 

deformation. Concerning degradation, the presence of silver did not allow to accelerate this 

process, being effective only in the first days. In contrast, the evolution of degradation 

mechanism up to six months detected in this thesis is very close to the behavior observed in 

animal tests conducted by other researchers. In conclusion, although the retained strategy did 

not prove effective in attaining the targeted goal, the advances in the understanding of corrosion 

mechanism and processing of twinning-induced plasticity steels for vascular stents can foster the 

development of other strategies that are effective in the long term to allow these alloys to degrade 

in human patients. 
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Sommario 

L’aterosclerosi è una delle malattie cardiovascolari più diffuse nel mondo, e consiste 

nell’ostruzione di un’arteria da parte di depositi fibrosi. Uno dei trattamenti più utilizzati consiste 

nell’impiantazione di uno stent, una struttura metallica tubolare, per riaprire l’arteria e restaurare 

il flusso sanguigno. Uno stent è normalmente concepito per restare nel paziente per tutta la sua 

vita, ma delle reazioni infiammatorie possono avere luogo a lungo termine. Per questo motivo, 

e per poter inoltre trattare pazienti giovani, degli stent biodegradabili sono stati pensati. Tra loro, 

un dispositivo a base di magnesio ha ricevuto l’approvazione per la commercializzazione 

nell’Unione Europea nel 2016. Sebbene questo dispositivo si sia dimostrato sicuro in test clinici, 

le sue dimensioni sono molto più grandi di quelle degli stent permanenti comunemente usati 

nella pratica clinica a cause delle scarse proprietà meccaniche della matrice. Una famiglia di 

materiali con eccellenti proprietà meccaniche e un buon potenziale di degradazione sono gli 

acciai a plasticità indotta da geminazione, composti da ferro, manganese e carbonio. Per contro, 

la loro applicabilità clinica non è attualmente possibile poiché la loro degradazione è ostacolata 

dalla formazione di uno strato stabile di prodotti durante questo processo. Questo lavoro 

propone di aggiungere una piccola quantità d’argento a un acciaio composto da ferro, manganese 

e carbonio per accelerare il processo di degradazione senza ridurre le sue proprietà meccaniche. 

I lavori di questa tesi si sono concentrati sullo sviluppo di queste leghe, sulla loro validazione 

metallurgica e lo studio della loro degradazione. Questi studi hanno mostrato che l’aggiunta di 

argento non ha influenzato significativamente le proprietà meccaniche dell’acciaio di base. Al 

contrario, è stato osservato che quest’aggiunta ha modificato la struttura della lega durante una 

deformazione plastica, oltre alla sua capacità di recuperare la struttura iniziale dopo una tale 

deformazione. Riguardo la degradazione, la presenza d’argento non ha permesso di accelerare 

questo processo, essendo efficace soltanto nei primi giorni. Al contrario, l’evoluzione del 

meccanismo di degradazione fino a sei mesi rilevato in questa tesi è molto vicino a quanto 

osservato da altri ricercatori in test animali. In conclusione, sebbene la strategia utilizzata non si 

sia rivelata efficace per raggiungere l’obiettivo prefissato, i progressi nella comprensione del 

meccanismo di degradazione e della produzione degli acciai a plasticità indotta da geminazione 

per gli stent vascolari possono permettere lo sviluppo di altre strategie efficaci a lungo termine 

per permettere la degradazione di queste leghe nel corpo umano.  
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Introduction 

Context and motivation 

Cardiovascular diseases 

Cardiovascular diseases (CVDs) are the leading cause of decease worldwide. According to 

the World Health Organization (WHO) [1], in 2016 CVDs accounted for 26.8% of all deaths 

recorded in the world, as visible from figure 0.1. The two most common types of CVDs are 

ischaemic heart disease (also known as coronary artery disease, CAD) and cerebrovascular 

disease. The risk factors for the insurgence of CVDs can be divided in two main categories: 

behavioral and congenital ones [1]. Behavioral risk factors include, for example, a sedentary 

lifestyle, poor alimentary habits, and tobacco consumption. These risk factors can be mitigated 

by a healthy lifestyle and regular physical activity, among others. 

Both behavioral and congenital factors can lead to mild to severe CVDs, eventually 

provoking a heart attack (in the case of CAD) or a stroke (in the case of cerebrovascular 

diseases). In both cases, atherosclerosis is the predominant disease resulting in such severe 

complications [2]. 

Atherosclerosis 

A healthy arterial wall is composed of 3 concentric layers: the tunica intima, the tunica media 

and the tunica adventitia, as visible in figure 0.2. Each layer is constituted of different cell types: 

the tunica intima by endothelial cells (ECs), the tunica media by smooth muscle cells (SMCs) and 

the tunica adventitia by fibroblasts (FBs) supported by connective tissue [2]. The free space inside 

the artery, where blood flows, is known as lumen. 

The ECs in the tunica intima can suffer traumatic events, which can be due to many factors. 

In such cases, SMCs can proliferate inside the intima, creating a thickening of the vascular wall, 

known as neointimal formation. One of the factors causing such injury is the accumulation of 

lipoproteins on the vessel wall. In this case, the first response to injury consists in the activation 

of macrophages, which phagocytise the majority of lipoproteins, followed by the 

aforementioned migration of SMCs. However, an excess of lipids may be accumulated inside 

the neointima without being phagocytised by macrophages, causing a reduction in lumen cross 
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section, which alters blood flow. This disease is known as atherosclerosis, and the neointima 

comprising the excess lipids is called atheroma. Further expansion of the atheroma may lead to 

complete occlusion of the artery (stenosis), formation of a blood clot (thrombus) on the 

atheroma, or excess bulging of the artery itself (aneurysm). All these phenomena may ultimately 

result in myocardial infarction or stroke, ultimately leading to patient death. 

 

Figure 0.2 Structure of a vessel wall [2] 

  

Figure 0.1 Overview of the top 10 causes of death in the world as of 2018 [1] 
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Treatments for atherosclerosis 

Several options are available to clinicians when treating patients presenting atherosclerosis, 

depending on disease severity [19]. All strategies are aimed at restoring normal blood flow at the 

diseased site. In mild cases, the adoption of a healthy lifestyle is generally recommended, 

including modifying alimentary habits and eliminating tobacco smoke. For moderate cases, 

treatment with drugs such as statins can be sought. Finally, in more severe cases, one of the 

following surgical procedures must be employed to restore circulation: 

• Balloon angioplasty [20]. This procedure consists in driving an inflatable balloon, 

mounted on a catheter, at the diseased site. The balloon is then inflated to crush the 

atheroma, thus re-opening the artery and restoring normal blood flow. This procedure 

is plagued by a high incidence of artery re-occlusion, known as restenosis. 

• Percutaneous transluminal coronary angioplasty (PTCA) [21]. This procedure resembles 

closely the previously described balloon angioplasty. The difference lies in the 

introduction of a tiny tubular mesh inside the artery, known as stent. The stent is 

mounted on a catheter and placed at the diseased site, either by inflation by a balloon or 

by self-expansion, allowing permanent placement of the device to avoid re-occlusion of 

the artery.  

• Atherectomy [22]. This procedure involves bulk removal of the atheroma by means of 

laser ablation or using a rotative device driven at the diseased site. On the other hand, 

clinical studies have not demonstrated a clear superiority of this technique with respect 

to PTCA. 

• Coronary artery bypass grafting (CABG) [21]. In cases where the diseased artery is 

completely occluded by the atheroma, the only possible solution is to bypass the site by 

grafting a replacement artery at the two extremities of the occlusion. The replacement 

artery can be either autologous (taking a portion of a blood vessel from the patient and 

using it as replacement, most commonly the saphenous vein) or artificial (using 

polymeric tubes, commonly made from woven filaments of Dacron ® or bulk 

polytetrafluoroethylene (PTFE)) 

An overview of PTCA is presented in figure 0.3. PTCA can also be used for treatment of 

cerebrovascular diseases, including cerebral atherosclerosis and intracranial aneurysms [23].  



 

4 

Cardiovascular stents – an overview 

Medical perspective 

As described before, a cardiovascular stent is a small tubular mesh placed at a diseased site 

by means of a catheter. Stents can be divided in three families, depending on the position of the 

artery they are designed to treat in the body: 

1. Coronary stents, when the artery is in close proximity to the heart. 

2. Peripheral stents, when the artery is not close to the heart, but not in the brain. 

3. Cerebrovascular stents, when the artery is inside the brain. 

These three types of arteries differ in their distance from the heart, diameter, wall 

thickness, relative thickness of the three tunica layers and tortuosity of the path through which 

the catheter must be driven. Because of these differences, the catheter and the stent itself shall 

possess mechanical performances suited to the site where they will be deployed. Different 

arteries also have a different compliance to deformation, thus reducing or totally eliminating the 

amount of inflation that can be applied by a balloon for placing the stent [24]. 

Once the stent is placed at the diseased site, the spontaneous reaction of the cells in the 

vessel wall is to trigger a foreign body reaction, where macrophages are activated to remove the 

stent [25]. When the clinical outcome is positive, endothelialisation occurs, consisting in 

encapsulation of the stent by a new layer of ECs in the first 2 to 4 weeks following surgery. In 

order to guarantee proper endothelialisation, the patient must also receive dual anti-platelet 

Figure 0.3 Schematic representation of PTCA: A) the catheter is guided at the atherosclerotic site; B) the 
balloon is inflated, placing the stent; C) the balloon is deflated, the catheter removed, leaving only the 
expanded stent in the artery [3] 
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therapy (DAPT) to prevent platelet adhesion to the stent, which may stimulate the formation of 

a thrombus [2]. Furthermore, the stent must not trigger chronic inflammatory reactions, which 

can provoke severe long-term complications, such as in-stent restenosis (ISR) or thrombosis 

(figure 0.4). ISR consists in the re-occlusion of the artery due to excessive proliferation of SMCs 

in the neointima during the life of the patient. 

Engineering perspective 

Starting from the considerations made from a medical perspective, a stent must possess 

suitable properties from a mechanical, corrosion and biological point of view. An overview of 

these requirements can be found in table 0.1. When considering cerebrovascular stents, the 

flexibility of the stent is also of utmost importance, since the arteries in the brain are very small 

and the path to deliver the stent is very tortuous [23]. The shape of the stent and of the metallic 

struts composing it also determines the flexibility and compliance of the stent [5]. 

Historically, it was always assumed that stents must be corrosion resistant in order to 

guarantee proper support to the artery during the entire lifetime of the patient. On the other 

hand, clinical evidence suggested that a diseased artery is capable of supporting itself 12 months 

after device implantation [26]. After this period, the stent is no longer needed. From this 

observation, stents that guarantee mechanical support to the artery for 12 months, for then 

dissolving safely in the body by 18-24 months after implantation, can be envisaged [27]. In 

addition, more and more younger patients suffer from atherosclerosis, increasing the needed 

lifetime of a permanent device with respect to an elder patient [27]. 

Stents can thus be divided in two main categories, depending on the desired corrosion 

behavior: permanent stents and biodegradable stents. A comprehensive review of these two 

classes of devices is provided in the following sections. 

Production of a stent 

As discussed before, stents are metallic tubular meshes with varying dimension, depending 

on the material and device design. The design phase involves the choice of the material and the 

optimization of the mesh design, namely the strut size and shape (figure 0.5), together with cell 

design, which can either be open or closed (figure 0.6) [5].  
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Table 0.1 Overview of required mechanical properties for cardiovascular stents [15] 

Property Value 

0.2% yield strength > 200 MPa. Too high may lead to acute recoil, below this value 
mechanical resistance is not sufficient 

Elastic modulus As high as possible to prevent recoil. Materials for inert stents have 
an elastic modulus around 200 GPa 

Ultimate tensile 
strength 

> 300 MPa, but as high as possible for giving maximal radial strength 
to the device 

Elongation to failure > 30% to withstand expansion 
Fatigue life > 107 cycles, since the required mechanical integrity is of 6 months 
Yield strength to 
elastic modulus ratio 

As low as possible to limit acute recoil after expansion 

Device production involves several steps, as outlined in figure 0.7 [6]. First, the material 

should be cast into cylindrical billets with a suitable dimension. Second, a billet is extruded into 

cylindrical tubes, which are then cold drawn in several passes to obtain minitubes with the final 

diameter and wall thickness. A recrystallization annealing treatment is performed after each cold 

drawing pass in order to restore the initial microstructure, thus allowing to perform further 

plastic deformation. Successively, the final design of the device is obtained by laser cutting, 

removing the unwanted portions of the minitubes with the aid of acid pickling. Finally, an 

electropolishing step is performed to obtain the final surface roughness, which should be as low 

as possible. In the case of DES, the drug eluting coating is then applied. Sterilization of the 

device is then performed, making it ready to be implanted. 

Permanent stents 

Permanent stents are made from corrosion resistant metallic alloys, guaranteeing their 

integrity throughout the life of the patient. The most commonly used alloys are 316L stainless 

steel, L605 Co-Cr alloy, platinum alloys, and Nitinol [16]. A stent may have a drug-eluting coating 

(drug-eluting stent, DES) or not (bare metal stent, BMS). An overview of the mechanical 

properties of these alloys can be found in table 0.2. Among those materials, Nitinol is a shape 

Figure 0.4 Schematic representations of in-stent restenosis and late stent thrombosis (adapted from [4]) 
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memory alloy composed of an equal amount of Ni and Ti, which is used for self-expanding 

stents. A device made from Nitinol can be trained prior to implantation to expand under the 

effect of heat when inserted in a body at 37°C, thus removing the need for balloon expansion, 

which is used for all other materials. This feature makes Nitinol the material of choice for 

peripheral [28] and cerebrovascular stents [23]. On the other hand, coronary stents are mostly 

made of 316L or L605 alloys. 

316L was the first used material for cardiovascular stents, the first report dating to 1987 

[29]. While it proved more efficient in the treatment of atherosclerosis with respect to plain 

angioplasty [30], a significant incidence of ISR was detected [31,32]. The release of nickel ions 

from the stent was observed to be one of the causes for ISR [33]. 

Table 0.2 Overview of mechanical properties of the three most used materials for permanent stents [16,17] 

Material Density Elastic 
modulus 

Yield 
strength 

Ultimate tensile 
strength 

Elongation 
to failure 

 g/cm3 GPa MPa MPa % 

Stainless steel 
316L 

7.95 193 340 670 48 

Co-Cr alloy 
L605 

9.10 243 380-780 820-1200 35-55 

Nitinol 6.45 40 200-300 1200 25 

Figure 0.5 Overview of strut size of commercial permanent stents [5] 

Figure 0.6 Difference between a closed cell stent design (CYPHER, left) and an open cell design 
(ORSIRO, right) (adapted from [5]) 
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Co-Cr alloys were successively developed to replace 316L as the material of choice for 

stents. The main advantage of Co-Cr alloys lies in their highly superior mechanical properties, 

which allow to manufacture stents with a smaller diameter and a thinner strut size. This 

guarantees two main advantages. First, it improves the flexibility and deliverability of the device, 

allowing to treat smaller arteries. Second, it allows to reduce ISR, as a direct correlation between 

the strut thickness and the incidence of ISR was discovered [5]. An overview of the strut sizes 

of commercially available stents is reported in figure 0.5. Nowadays, the smallest available stent 

has a strut thickness of 60 µm. 

The third commercially used metallic materials for stents are platinum alloys. While they 

show inferior mechanical properties with respect to Co-Cr alloys, the higher density of the 

constituting elements grant higher radiopacity, in turn giving better visibility of the stent by 

imaging techniques such as magnetic resonance imaging (MRI), reducing the risk of stent 

misplacement and allowing a better post-implantation follow-up [16].  

Unfortunately, it was observed that BMS still result in ISR in a significant number of cases. 

In order to limit this risk, DES were developed. In this family of stents, the metallic surface is 

covered with a polymeric coating, into which an antiproliferative drug is embedded [34]. The 

role of the drug is to limit the excessive proliferation of the SMCs on the stent surface, thus 

decreasing the incidence of ISR. While this strategy proved effective, a higher incidence of late 

stent thrombosis (LST) was observed in long-term follow-ups [35,36]. In order to solve this 

limitation, degradable coatings were developed [34], showing good outcomes. 

Biodegradable stents 

Biodegradable stents are devices meant to reopen an atherosclerotic artery with a similar 

implantation procedure to permanent stents, support it for at least 6 months, for then dissolving 

gradually without releasing any harmful products. A schematic view of this process can be 

observed in figure 0.8. Because of the temporary nature of the implant, it cannot be made from 

knowingly toxic materials used for permanent stents, such as Cr, Ni, Co [27]. In addition, other 

toxic materials should be avoided in the design of biodegradable stents, such as Al.  
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Figure 0.7 Overview of the production process of a stent: a) minitube production; b) laser cutting; c) 

descaling (or acid pickling); d) electropolishing and finished stent [6] 

 
Figure 0.8 Overview of the life cycle of a biodegradable stent [7] 

Biodegradable polymeric stents 

The first type of biodegradable stents that was developed consists in polymeric stents, 

made from degradable polymers, mainly poly l-lactic acid (PLLA) [26]. This semicrystalline 

polymer undergoes degradation by hydrolysis, converting polymer chains to lactic acid, which is 

then decomposed in carbon dioxide and water [37]. Its mechanical properties are vastly inferior 

to those of corrosion resistant alloys outlined in table 0.2: its elastic modulus is in the order of 3 
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GPa, its tensile strength between 60 and 70 MPa, and its elongation to failure below 6% [37]. It 

should also be noted that, due to the viscoelastic nature of polymers, such mechanical properties 

are subjected to evolution during time under the action of mechanical stresses imposed by the 

cardiac cycle of human heartbeat.  

Some PLLA-based stents were granted approval for clinical practice by the European 

Community, such as the Igaki-Tamai stent, the DESolve stent and the ABSORB stent, the latter 

one having also received FDA approval [38]. As a general rule, these devices are made of a PLLA 

scaffold, acting as structural component, coated with another polymer into which an 

antiproliferative drug is embedded. The function of this coating is identical to that of drug-

eluting coating in permanent stents. It must be noted that long-term clinical trials showed 

contrasting results on the safety of such devices in comparison with DES. While the Igaki-Tamai 

stent was degraded without adverse reactions in a 10 years time frame [39], the ABSORB stent 

showed a significantly increased occurrence of LST, together with inferior overall performances 

in comparison with control DES [40–42], leading to its withdrawal from the market [43]. The 

failure of ABSORB was attributed to several factors, the majority of which can be reconducted 

to the very poor mechanical properties of PLLA in comparison with standard corrosion resistant 

alloys. 

Biodegradable metallic stents 

A different approach involves the use of metallic alloys that can be corroded thanks to 

electrochemical reactions stimulated by physiological fluids, releasing products that are not 

harmful to the body [44]. Three classes of materials are currently studied for biodegradable 

metallic stents: Mg-, Zn- and Fe-based alloys [45]. An overview of the mechanical properties of 

these metals in comparison to PLLA is presented in table 0.3.  

Table 0.3 Mechanical properties of pure metals for biodegradable stents 

Material Metallurgy Elastic 
modulus 

Yield 
strength 

Ultimate 
tensile 

strength 

Elongation 
to failure 

Ref 

  GPa MPa MPa %  

Pure Mg As cast 41 20 86 13 [45] 
Armco 

Fe 
Annealed 200 150 200 40 [45] 

Pure Zn As cast 94 150 150 20.5 [46] 
PLLA n.a. 3.1 --- 70 6 [37] 
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Mg-based alloys are by far the most studied system among the aforementioned three. They 

have superior mechanical properties in comparison with polymeric stents, while they are inferior 

to metallic alloys used for permanent stents. The most recent patented Mg alloys for 

cardiovascular stents, such as Synermag ® or the JBDM systems [47–49], satisfy the minimal 

requirements in terms of mechanical properties for cardiovascular stents [47,50]. The Magmaris 

® stent (Biotronik), based on the Synermag alloy with a degradable drug-eluting coating, showed 

excellent clinical performance on human patients, not causing any acute or chronic inflammatory 

reaction while degrading fully in 12 months [51–53]. The major limitation of this device lies in 

its size when compared to permanent stents. In its smallest iteration, this device has an outer 

diameter of 3 mm and a strut thickness of 150 µm [54]. In comparison, a Co-Cr DES from the 

same company (known as Orsiro ®) has an outer diameter as low as 2.25 mm with a strut 

thickness as low as 60 µm [55]. This strongly limits the arteries into which Magmaris can be 

delivered, such as the aorta or large coronary arteries. 

Zn-based alloys are metallurgically similar to Mg-based alloys, since they both have a 

hexagonal close packed (HCP) structure. Two elements distinguish it from Mg and its alloys: 

• A higher electrochemical potential, implying that material degradation proceeds 

more slowly, as shown by long-term in vivo tests [56,57]. 

• Strain softening during plastic deformation [58].  

Zn alloys have similar mechanical properties to Mg alloys [59], implying that they could 

show the same shortcomings in terms of applicability into arteries smaller than the coronary 

ones in adults.  

The final option is constituted by Fe-based alloys. This system is based on a material that 

has a superior combination of strength and ductility with respect to Mg- and Zn-based alloys 

[16], making it a more viable option for high-strength and high ductility stents with comparable 

performances to those of Co-Cr alloys. On the other hand, as far as pure Fe is concerned, 

preclinical tests in animal models showed that full degradation of the device is hampered by 

formation of a stable layer of degradation products (DPs), mainly composed of phosphates 

[60,61]. Most strategies aimed at solving this limitation exploit alloying with Fe with a soluble 

element, most commonly Mn, in order to decrease the overall electrochemical potential of the 

alloy [62,63]. In order to sufficiently reduce the electrochemical potential, high amounts of Mn 

require to be added [11]. This is also necessary to stabilize only austenite (γ-Fe) at room 
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temperature, promoting higher ductility than with a low amount of Mn, up to levels similar to 

those of 316L stainless steel [62,64]. One of the drawbacks of adding high amounts of Mn 

consists in the long-term toxicity risks, since accumulation of excess Mn in the brain was 

reported to be related to neurodegenerative diseases, such as Parkinson’s [65]. 

A particular class of Fe-Mn alloys with an outstanding combination of strength and 

ductility are twinning-induced plasticity (TWIP) steels, matching or even exceeding those of Co-

Cr alloys [15]. These alloys contain Fe and Mn in variable proportion, together with either C or 

a combination of Al and Si [66]. Their name comes from the peculiar deformation mechanism 

they show, that is formation of mechanical twins upon plastic deformation [67]. For biomaterials 

applications, the use of Fe-Mn-Al-Si alloys should be excluded due to the fact that Al 

accumulation is a well known factor in the insurgence of Alzheimer’s disease [68]. Laboratory 

tests, however, showed that these alloys are plagued by the same issues of Fe-Mn alloys in terms 

of corrosion, namely the formation of a stable layer of DPs on the surface [12,69]. The addition 

of further elements that can form small second phases was explored, with good results in vitro 

but poor outcomes in vivo, such as Pd [12,70]. An element that showed interesting outcomes in 

vitro is Ag, but the only reports available in literature discuss fabrication by either powder 

metallurgy [71,72] or additive manufacturing [73,74]. 

Current challenges in clinical treatment of cardiovascular diseases 

At the time when this thesis was written, a single treatment option was available for 

biodegradable stents, namely Magmaris ®. The size of this device is much larger (2 to 3 times) 

when compared to that of permanent DES, such as those based on Co-Cr alloys. The smallest 

iteration of Magmaris ® has an outer diameter of 3 mm and a wall thickness of 150 µm [54], 

while a Co-Cr DES from the same company can have an outer diameter as small as 2.25 mm 

and a wall thickness of 60 µm [75], significantly improving deliverability. 

Three other clinical challenges require the development of biodegradable stents with small 

dimensions from high-performance alloys. First, the median age of the population affected by 

CVDs is lowering in the last years [76], mainly because of increased incidence in behavioral risk 

factors [77], implying that the life expectancy of patients who have a stent implanted in their 

body could be longer. The long-term harmful effects of permanent stents are nowadays known, 

and can be partly related to the fact that permanent stents aren’t actually inert inside the body 

[78]. Not having anymore a stent after 2 years from implantation could remove the risk of very 
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late ISR or thrombosis [4]. Second, congenital heart diseases are a rare but existing condition. 

The most common pediatric vascular diseases include aorta coarctation and pulmonary artery 

stenosis [79]. In the event that a child requires stent implantation and the complication is 

resolved, a permanent stent would remain in his body for the rest of his life. Furthermore, human 

growth also involves arteries: having a permanent stent may result in displacement and breakage 

of the neointima, thus causing severe conditions. Third, cerebral atherosclerosis currently 

presents a very limited range of treatment options. No biodegradable stents are used nowadays, 

since commercially available devices are too large to be delivered to arteries inside the brain. 

Proposed strategy 

Fe-based degradable alloys, although superior in mechanical properties with respect to Mg 

and Zn alloys, are limited by a slower degradation process. However, they represent the only 

realistic choice for treating CVDs occurring in small arteries, such as those present inside the 

human brain, or for young patients, for which temporary devices represent the only possibility 

for healing and conduct a life without the risk of long-term complications, which were observed 

in several cases [79]. Pure Fe and Fe-Mn show mechanical properties that only match those of 

316L stainless steel [80], making them unsuitable for fabricating stents as small as those made 

from Co-Cr alloys, which can attain an outer diameter of 2.25 mm with a strut thickness of 60 

µm [5]. TWIP steels, on the other hand, have mechanical properties that can match those of the 

L605 alloy used for fabricating the smallest stents available on the market, thus having the 

potential for a major breakthrough in biodegradable metallic stents. However, the issue 

consisting in the formation of a passive layer during corrosion must be addressed. 

This project aims specifically at addressing the problem of long-term degradation by 

developing a Fe-Mn-C alloy composition which shows mechanical properties at least equal to 

those of the L605 alloy. A modification of this composition will also be explored by adding a 

fourth element, promoting formation of second phases inducing corrosion of the matrix by 

galvanic coupling. The next section details the strategic choices that were made with this goal in 

mind, followed by a summary of the general hypothesis and objectives of this project. 
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Alloy design 

Metallurgy of TWIP steels: a primer 

While the quasi totality of industrially produced steels deforms by means of dislocation 

gliding, TWIP steels, as the name itself says, form twins during plastic deformation. A twin is a 

surface defect, falling in the same category of grain boundaries. Contrarily to the latter ones, 

which are a disordered interface of few atomic lengths between two regions of uniformly 

oriented material better known as grains, twin boundaries act as mirror planes inside a material: 

the crystalline arrangement of atoms is mirrored on the two sides of a twin boundary, as visible 

in figure 0.9. A twin contains two twin boundaries, each acting as mirror plane. In metallic alloys, 

twins may form either during thermal treatments (in this case named thermal twins) or during 

plastic deformation (named mechanical twins). Twins found in TWIP steels fall in the latter 

category. 

The preferential deformation mechanism of all metallic alloys is ruled by the stacking fault 

energy (SFE), which is the energy required by the material to form a surface defect known as 

stacking fault (SF). By definition, a stacking fault is a defect in the pile-up of atomic planes inside 

a material. 

Most engineering materials deform by dislocation gliding since the formation of an SF 

requires a high amount of free energy or, in other words, is not energetically favorable. For some 

Figure 0.9 Schematic representation of a twin 
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materials, such as HCP metals (for example Mg and Zn), the SFE is particularly low, thus an SF 

will form. This is also true for TWIP steels: the SFE is a function of the composition of the 

alloy, following this equation [81]: 

Γ = 2𝜌𝐴Δ𝐺𝛾→𝜀 + 2𝜎𝛾−𝜀 

where 𝜌𝐴 is the planar packing density of a close-packed plane, Δ𝐺𝛾→𝜀 is the difference in Gibbs 

free energy between the γ (austenite) and ε (martensite) phases, and 𝜎𝛾−𝜀 is the interfacial energy 

between these two phases. It was shown that, for Fe-Mn-C steels, twinning is the predominant 

deformation mechanism when Γ is comprised between 12 and 35 mJ m-2, while martensite is 

present when Γ is lower than 18 mJ m-2. Above 35 mJ m-2 only dislocation gliding takes place 

[82]. It must be noted that the SFE of TWIP steels is a function of their composition: in addition 

to thermodynamic modelling, an estimation of the SFE can be obtained using iso-SFE maps, as 

reported in figure 0.10. Another tool to assess the phases that are present inside a Fe-Mn-C 

TWIP steel is the Schumann diagram [83], also shown in figure 0.10.  

Mechanical properties of Fe-Mn-C TWIP steels depend strongly on SFE, which, as 

discussed before, depends on alloy composition. As a general rule, the higher SFE, the lower the 

material strength, but the higher the ductility [66]. Conversely, a lower SFE TWIP steel will have 

higher mechanical strength, but lower elongation to failure. An overview of stress-strain curves 

of different TWIP steels can be found in figure 0.11. 

One of the most noticeable features of TWIP steels are the serrations in the plastic 

deformation region observed at room temperature, which disrupt plastic flow. This 

phenomenon is known as dynamic strain aging (DSA) and is present only for Fe-Mn-C TWIP 

steels without Al, which can suppress this behavior [67]. The most common classification of 

DSA is based on the shape and frequency of serrations in the stress-strain curves. Five different 

serration types were identified in the past, named type A, B, C, D and E, as outlined in figure 

0.12 [9]. In the case of TWIP steels, types A and B were most commonly observed [67]. The 

mechanism behind DSA in Fe-Mn-C TWIP steels is often related to the interactions between C 

atoms in solution and moving partial dislocations: C atoms are believed to be disruptors in the 

normal movement of such dislocations, which in turn originate mechanical twins [66]. The 

general tendency in TWIP steels for automotive applications consists in suppressing DSA for 
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having a more uniform plastic behavior: this can be obtained by adding Al to the mixture, as 

mentioned above. 

Another reason for eliminating DSA for automotive applications lies in processing steel 

sheets for structural components of cars and body panels. Such processes include deep drawing 

and involve high levels of plastic deformation. “Jerkiness” in plastic flow can cause unexpected 

cracking of the piece or excess local deformations, possibly leading to premature failure of the 

Figure 0.10 Two semi-empirical tools for evaluating the phases formed in TWIP steels: left, Schumann 
diagram; right, iso-SFE diagram (adapted from [8]) 

Figure 0.11 Two semi-empirical tools for evaluating the phases formed in TWIP steels: left, Schumann 
diagram; right, iso-SFE diagram (adapted from [8]) 

 

Figure 0.12 Overview of the different serration types in materials showing dynamic strain aging [9] 
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finished component [67]. This phenomenon may also occur during balloon-expansion of a stent, 

since it is known that plastic deformations can attain up to 30% during this process, leading to 

localized stresses attaining up to 950 MPa [84]. At such levels of plastic deformation, a TWIP 

steel may have already initiated DSA depending on its composition, which should thus be 

controlled in order to avoid this occurrence. 

TWIP steel design for biodegradable stents 

The previous section outlined the general principles ruling the design of TWIP steels for 

a variety of applications. In the specific case of biodegradable stents with high strength and high 

ductility, those principles can be better detailed and expanded criteria, as outlined below:  

• Mechanical properties. Performances of most TWIP steels are matching those of Co-Cr 

alloys commonly used for manufacturing permanent stents, showing a relatively low yield 

strength (around 400 MPa), an engineering tensile strength around 1000 MPa and an 

elongation to failure exceeding 50% [67]. The most important factor in deciding the 

composition of a TWIP steel for biodegradable stents from a mechanical point of view 

consists in ensuring to have only mechanical twinning as deformation mechanism. 

• Deformation mechanism [82]. SFE determines the preferential deformation mechanism 

of TWIP steels, which varies as a function of the composition. As mentioned before, in 

order to have only mechanical twinning taking place, SFE must be comprised between 

12 and 35 mJ mol-1. With the aid of iso-SFE diagrams, like that outlined in figure 0.10, 

an alloy composition can be designed to ensure to have only mechanical twinning, which 

is the mechanism giving the best combination of strength and ductility, as observed 

before. 

• Martensite structure. In addition to formation of mechanical martensite, its structure can 

vary as a function of the Mn and C content. The Schumann diagram (figure 0.10) reports 

the possible martensitic structures that form as a function of alloy composition. For 

higher contents of Mn and C (and thus, higher SFE), no martensite can be formed upon 

deformation. ε-martensite, with an HCP structure, can develop for lower contents of Mn 

and C. For the lowest amounts of Mn (and roughly for SFE values below 10 mJ m-1), α’ 

martensite can form, which has a body-centered tetragonal (BCT) structure. The BCT 

structure produces a lower ductility with respect to a fully austenitic structure or even 

with respect to ε martensite [66]. The presence of α’ martensite should thus be avoided. 
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Furthermore, the formation of ε-martensite upon plastic deformation should also be 

avoided in order to enhance the ductility of the steel. 

• Carbides. For high concentrations of C (above 0.8 wt. %), the formation of Fe and/or 

Mn carbides may be stimulated, as predicted by the Fe-Mn-C ternary phase diagrams 

[85]. In order to avoid the presence of hard and brittle phases, the content of C should 

be kept below this threshold. 

• Mn toxicity. It should not be forgotten that having a too high content of Mn can have 

long-term toxicity concerns, since an excess of Mn was found to be a factor in the 

insurgence of Parkinson’s disease [86]. Its tenor should be kept as low as possible while 

maximising strength and ductility. 

These four considerations were taken into account to design an alloy composition 

optimized for the challenges of cardiovascular stents, aiming at surpassing the mechanical 

properties of Co-Cr alloys. This composition is Fe-16Mn-0.7C (wt. %), fulfilling all the criteria 

outlined above.  

Improving degradation rate in TWIP steels 

Generalities on of TWIP steels corrosion 

TWIP steels were the subject of several studies concerning their corrosion behavior, aimed 

at understanding the underlying mechanisms. One of the most well-known features of TWIP 

steels in non-physiological environments consists in its sensitivity to chloride attack, which 

results in severe corrosion of high-Mn steel structures in seawater [87]. It must be considered 

that chloride attack can produce itself in physiological environments too, since chloride ions are 

among the most abundant ones in human blood plasma [18]. This indicates the potential of 

TWIP steels to corrode themselves in environments with high blood perfusion, such as arteries. 

Chloride containing solutions were also found to stimulate pitting corrosion in such steels [88]. 

Pitting is a localized form of corrosion where the material is attacked at preferential sites, 

promoting the formation of small holes (pits) that can propagate over time and cause 

catastrophic failures of the component [89], and shall thus be avoided. Another corrosion 

phenomenon commonly observed in TWIP steels resides in hydrogen embrittlement, where the 

presence of H in the atmosphere can promote premature failure of a component under stress 

[66].  
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Focussing on corrosion of TWIP steels in pseudo-physiological solutions, some studies 

reported development of pits due to localized release of Fe and Mn caused by the attack of 

aggressive media [12]. It was also observed that a compact corrosion layer can form during 

exposure for at least 14 days, preventing long-term corrosion of TWIP steels to occur [69,70,90]. 

Galvanic coupling as a strategic mechanism for increasing corrosion rate 

The basic idea of galvanic corrosion is well-known since a long time. This type of 

corrosion occurs when two materials with a different electrochemical potential in a corrosive 

environment are coupled together by means of an electrical contact, allowing a current to 

circulate. The material with the lower electrochemical potential will corrode preferentially, 

guaranteeing that the material with the higher potential is not affected by corrosion [91]. The 

material with the higher potential will act as cathode, while that with the lower potential will act 

as an anode, thus dissolving. In industrial practice, this strategy can be exploited to protect some 

metallic components from corrosion by putting them in electrical contact with a sacrificial anode, 

which will dissolve on purpose. 

In the case of biodegradable metals with a low degradation rate or affected by problems 

of premature passivation, low quantities of elements having a higher electrochemical potential 

can be added to form second phases, thus promoting local dissolution of the matrix around 

these impurities [63]. This strategy was exploited in the past 10 years by a very limited number 

of researchers with alternate fortunes. One of the first extensive studies explored the use of Pd 

as additional element, which is actually soluble in a Fe-Mn-C matrix. Appropriate thermal 

treatments stimulated the formation of Pd-rich second phases, which were found to effectively 

accelerate corrosion up to 28 days [12]. However, long-term studies in animals found that 

corrosion was halted since a stable layer of phosphates formed on top of the material [70]. 

An element which is completely insoluble in Fe and C but has partial solubility in Mn is 

Ag. With appropriate processing, it can thus be ensured that very electrochemically noble phases 

rich in Ag are formed. This would create strong local galvanic couples that could significantly 

accelerate corrosion rate by promoting preferential dissolution of the matrix with a much lower 

electrochemical potential. Design of a Fe-Mn-C-Ag alloy must also take into account the effect 

that a large amount of second phases could generate on mechanical performances and 

deformation mechanism, together with toxicity concerns. Ag is known to be a strong 

antibacterial agent, but the presence of excessive quantities may create adverse effects on 
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necessary biological functions [92]. For these reasons, this work explores lean alloying of the 

aforementioned Fe-16Mn-0.7C alloy with only 0.4 wt. % Ag, leading to a final alloy composition 

of Fe-16Mn-0.7C-0.4Ag (wt. %). 

Processing 

Alloy production 

The first step in processing the retained compositions is to actually produce the alloys 

starting from raw materials. Three methods could be used: casting, powder metallurgy (PM) or 

additive manufacturing (AM). Each of these processes has its own advantages and limitations. 

Casting constitutes the most commonly used process for producing metallic alloys in 

industrial practice. In this process, various types of starting materials can be melted in a furnace 

for obtaining the final alloy composition. Its main advantages lie in the relative inexpensiveness 

of starting materials when compared to powders, together with the possibility of producing large 

batches of materials in a single casting session. Moreover, a variety of materials shapes can be 

used, such as ingots, pellets, or others. Master alloys can be used as starting materials, together 

with pure elements. One of the main inconveniencies of casting lies in possible fire losses, i.e. 

evaporation of a portion of melted material under the effect of heat. In addition, making a 

biphasic alloy with an insoluble element is difficult. 

Powder metallurgy, on the other hand, may not involve the passage of metals from the 

liquid state in order to produce an alloy. In this case, powders of the alloy are pressed at high 

pressure and, under the action of heat, sinter together to form a dense piece of the metal. One 

of the main advantages of this technique compared to casting lies in the ease of producing alloys 

of elements that have a limited solubility with each other, like in this case Ag with Fe and C. 

Mechanical alloying can also be made by milling powders at high energy, forcing the mixing of 

different elements under this action. Two well-known challenges in PM lie in powder 

production, which can reveal itself expensive, and the need for careful control of processing 

conditions to avoid defects such as non-densification of parts. 

Additive manufacturing involves the layer-by-layer building of metallic components 

starting from metallic powders, which can be either put on a plate (creating a powder bed) or 

projected directly on a plate thanks to a nozzle. Powder particles are melted with the aid of a 

laser or electron beam only where the piece shall be formed [93]. The main advantage of AM 

with respect to the other two techniques lies in the near-net-shape nature of the process, 
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potentially allowing to produce a stent directly from a powder bed. However, powder geometry 

and size must be strictly controlled for such processes, increasing costs; furthermore, surface 

quality coming out from the process is typically poor, requiring further steps of post-processing.  

For this project, in order to facilitate integration of the material with industrial practice 

outlined above, casting was chosen as production method for the Fe-16Mn-0.7C(-0.4Ag) alloys. 

In order to address both challenges in distribution of Ag and fire losses, which are a problem 

mostly concerning Mn, a specific production process was developed. The first step consisted in 

developing this process for the Ag-free alloy, for then adapting it for the Ag-containing one. The 

use of an induction furnace was retained in order to ensure better mixing of the starting materials. 

The protective atmosphere used to limit fire losses consisted in a custom liquid Ar protection 

system: droplets of liquid Ar were directed to the melt pool as soon as it formed. These droplets 

instantaneously evaporated, resulting in a homogeneous gaseous Ar atmosphere at the surface, 

effectively blocking evaporation of elements. The molten alloy was then cast in permanent 

cylindrical moulds. 

This casting process was then adapted to the case of the Ag-containing alloy. In order to 

ensure proper dispersion of Ag, fine shots were introduced in the melt pool as last elements 

prior to pouring the melted alloy in the moulds. Sufficient time was guaranteed to have proper 

stirring but not long enough to produce gravity segregation of Ag at the bottom of the melting 

crucible. This strategy allowed a good compositional control. 

Alloy processing 

Once the alloy is cast, internal stresses coming from this process must be relieved. This 

can be done by means of solution heat treatments, in which the material is put in a furnace at 

high temperature for a sufficiently long time. It is also important to note that a controlled 

atmosphere is needed to prevent oxidation of the surface, together with the possibility of 

decarburation. For these reasons, solution heat treatment was carried out on slices cut from the 

billets using a vacuum furnace. In order to quench the slices after the treatment was completed, 

gaseous Ar was poured at high pressure to quickly reducing the temperature without risking to 

cause alterations in surface composition. 

Normal processing of stents involves extrusion of billets into tubes, which are then 

precision cold drawn into minitubes, as explained previously. In this work, a simplified 

processing setup was chosen to carry out the exploratory work on the new alloying systems, 
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aimed at assessing hot and cold formability. A further aim consisted in evaluating if and how the 

presence of Ag provoked alterations in deformation mechanism. Another aspect of processing 

that should be evaluated consists in the recrystallization behavior and the influence of Ag in it. 

The importance of it lies in the fact that, when forming a minitube from which a stent is cut, 

several intermediate recrystallization steps must be carried out for restoring the initial 

microstructure [6]. It is indeed known that second phases can impact both deformation and 

recrystallization mechanisms in Fe-Mn-C steels [94]. 

Summary: hypothesis and objectives of the thesis 

This thesis aimed at developing a new ternary Fe-Mn-C TWIP steel with a composition 

suited to be used for small vascular stents. This composition was then modified to include the 

addition of a small quantity of Ag to enhance material corrosion without resulting in 

performance reduction from a mechanical and biological point of view. 

More in detail, the three main work packages that were developed in this project to validate 

the aforementioned hypothesis are the following: 

1. Design two Fe-Mn-C(-Ag) alloys and showing the feasibility of producing them by 

casting. 

2. Validate the effect of Ag on processing and of mechanical properties of such alloy, 

including both deformation and recrystallization mechanism. 

3. Understand the effect of Ag and plastic deformation on corrosion mechanism of the 

developed Fe-Mn-C steel and assessing its evolution over time. 

Chapter 1 will provide a thorough review of the current state and outlook of biodegradable 

metals for cardiovascular stents. Chapters 2 to 6 will discuss the experimental outcomes of this 

work. Chapter 2 will present and elaborate the findings concerning the production process of 

the Fe-Mn-C(-Ag) alloys, together with how Ag affects deformation mechanism. Chapter 3 will 

focus on understanding how Ag impacts the recrystallization behavior of the developed TWIP 

steel. Chapters 4 and 5 are dedicated to the understanding of corrosion properties and 

mechanisms of the developed alloys: while chapter 4 focusses on the electrochemical 

characteristics of the materials and on short-term corrosion, chapter 5 goes more in depth on 

the evolution of corrosion mechanism over time with in vitro tests up to 6 months. Chapter 6 

will provide a general discussion of the results presented in the scientific papers reported in 
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chapters 2 to 5. Finally, the conclusions of this work are provided and future research directions 

for succeeding in clinical translation of high performance TWIP steels for small biodegradable 

stents are suggested. 
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1. Biodegradable metallic stents – State of the art  

1.1 Mg-based biodegradable stents 

Magnesium and its alloys were explored for use as biodegradable stents since the early 

2000s [95]. The reasons for choosing Mg for temporary implants lie in two main aspects: its 

biological functions and its reduced resistance to corrosion [27]. Mg is an essential element for 

the body, actively participating in several functions such as enzymatic regulation, protein 

function and DNA stabilization [96,97]. Moreover, it is one of the least noble metals in the 

electrochemical series, showing a potential of – 2.372 V vs. the standard hydrogen electrode 

(SHE) [98]. Furthermore, it shows an active electrochemical character at physiological pH in 

aqueous solution, as evidenced by its Pourbaix diagram [99]. In aqueous environment, corrosion 

of Mg can be schematized by the following oxidation reaction: 

𝑀𝑔(𝑠) → 𝑀𝑔2+(𝑎𝑞) + 2𝑒−  

In the case of biodegradable Mg, it was observed that the reduction reaction is most commonly 

hydrogen evolution [96]: 

2𝐻2𝑂(𝑙) + 2𝑒− → 𝐻2(𝑔) + 2𝑂𝐻−(𝑎𝑞) 

Finally, magnesium hydroxide is formed at the surface [46]: 

𝑀𝑔2+(𝑎𝑞) + 2𝑂𝐻−(𝑎𝑞) → 𝑀𝑔(𝑂𝐻)2(𝑠) 

Hydrogen is formed as gas bubbles on the surface of Mg. Several researchers observed that such 

bubbles stimulate inflammation around the implant: hydrogen evolution shall thus be limited or 

eliminated.  

Mechanical properties are another major inconvenient of Mg. This metal has a hexagonal 

close packed (HCP) structure at equilibrium, resulting in poor ductility, as also visible from table 

0.3. In addition, its strength and elastic modulus are much lower with respect to 316L stainless 

steel or L605. This can increase recoil after expansion and possibly result in premature failure of 

the device. 

In order to improve mechanical properties of Mg, the addition of elements that are soluble 

in Mg and capable of promoting smaller grain size was explored in several studies, such as Zr, Y 

and various rare earth elements (REE) [100]. The relationship between grain size and yield 
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strength (YS) of a material is described by the well-known Hall-Petch relation [101], saying that 

the YS is inversely proportional to the average grain size of the material. In addition to improving 

mechanical properties, these elements also contribute to reducing corrosion rate, since they are 

soluble in Mg and have a higher electrochemical potential with respect to it. The first example 

of such alloy is named WE43, containing 4% of Y and a total of 3% of various REE [95]. While 

a significant improvement in strength was reached, elongation to failure remained low. 

Moreover, early clinical trials showed that complete dissolution of the implant was achieved in 

four months, short of the at least 6 months required for artery remodelling [95]. Nowadays, 

several compositions of Mg alloys with a high number of alloying elements specifically 

formulated for biodegradable stents were patented [47–49]. Mechanical properties of such alloys, 

like Synermag ® (Magnesium Elektron, now Luxfer/MEL Technologies, UK) or the JBDM 

system, are compliant to the minimal requirements outlined in table 0.1, albeit with a low elastic 

modulus [47,50]. An overview of mechanical properties of such alloys, together with outcomes 

of animal tests, is visible in table 1.1.  

Early pre-clinical trials of bare Mg stents (AMS, Biotronik) on newborns showed that 

implantation of the device can be successfully achieved, while corrosion is completed in only 3 

to 4 months, insufficient to promote full artery remodelling [102–104]. Another important 

problem that was detected is the significant reduction of the lumen cross-section, clear indication 

of ISR, also confirmed by animal studies [105]. The modification of the alloy composition, 

together with the adoption of a degradable drug-eluting coating, allowed to obtain a good 

corrosion profile, with 95% of the stent degraded after 12 months in human patients, as visible 

in figure 1.1 [51,53], resulting in the approval of the device by the European Community, 

commercially known as Magmaris ® (Biotronik, Germany/Switzerland) [52]. The previously 

outlined JBDM alloy was also the subject of animal studies using stents in rabbits or minipigs, 

showing no reduction in lumen diameter after 12 months from implantation, together with an 

appropriate degradation [50,106].  
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The main limitation of Magmaris with respect to permanent stents lies in its larger strut 

size. As mentioned before, the smallest strut size that has been achieved for Co-Cr stents is 60 

µm, while the strut size of Magmaris is 150 µm [54], thus limiting its deliverability to smaller 

arteries. Although Mg-based alloys work very well for treating large arteries, intrinsic limitations 

in the improvement in mechanical properties make them unfeasible for replacing Co-Cr DES in 

treatment of most patients, especially for very small arteries, such as in the brain or in newborns. 

Table 1.1 Mechanical properties of commercial Mg alloys for biodegradable stents  

Material Metallurgy Elastic 
modulus 

Yield 
strength 

Ultimate 
tensile 

strength 

Elongation 
to failure 

Ref 

  GPa MPa MPa %  

WE43 Extruded 44 180 280 10 [7] 
SynerMag Extruded Unknown 200 300 20 [47] 
JBDM-1 Extruded Unknown 188 238 30 [48] 
JBDM-2 Extruded Unknown 204 247 21 [50] 

 

Figure 1.1 Degradation of the DREAMS-2G (Magmaris ®) stent. The stent struts are no longer visible 
after 12 months [10] 
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1.2 Zn-based biodegradable stents 

The idea of using Zn and its alloys for manufacturing biodegradable stents is relatively 

recent compared to Mg-based systems. Zn, such as Mg, is known to be an essential nutrient for 

the body, being a cofactor for enzymatic regulation and protein function [107]. Its recommended 

daily intake oscillates between 6 and 10 mg, depending on the individual [46]. An excessive intake 

of Zn may lead to Cu deficiency and cause negative effects on lipid metabolism [46].  

The main advantage of Zn with respect to Mg lies in its corrosion properties. From a 

merely electrochemical point of view, its corrosion potential lies at - 0.762 V vs. SHE [98], 

significantly higher with respect to Mg, while lower with respect to Fe (- 0.447 V vs. SHE). In 

addition, it can undergo corrosion at neutral pH in aqueous environments, as visible from its 

Pourbaix diagram [108]. The anodic half-reaction in aqueous solution is the following: 

2𝑍𝑛(𝑠) → 2𝑍𝑛2+(𝑎𝑞) + 4𝑒− 

The cathodic half-reaction consists predominantly in formation of hydroxide ions: 

𝑂2(𝑔) + 2𝐻2𝑂(𝑎𝑞) + 4𝑒− → 4𝑂𝐻−(𝑎𝑞) 

Finally, product formation involves first Zn hydroxide, which recombines to form Zn oxide, 

releasing water: 

2𝑍𝑛2+(𝑎𝑞) + 4𝑂𝐻−(𝑎𝑞) → 2𝑍𝑛(𝑂𝐻)2(𝑎𝑞) → 2𝑍𝑛𝑂(𝑠) + 2𝐻2𝑂(𝑙) 

Most importantly, animal tests in rats showed that pure Zn does not significantly degrade 

in the first six months, for then dissolving steadily in the following year up to complete 

resorption [56]. Several other animal tests have been conducted since, confirming the safety of 

pure Zn into arteries, together with its steady corrosion [57,109–111].  

The main limitation of Zn lies in its poor mechanical properties, similar to the case of Mg. 

Zn also possesses an HCP structure, limiting its strength and ductility, depending on previous 

processing [59]. Another important phenomenon specific to Zn is strain softening, meaning that 

the strength of the material is reduced when it is plastically deformed [58,112].  

Several efforts have been conducted to improve the mechanical properties of Zn and limit 

strain softening, mainly by alloying with soluble elements. The first investigated element was Mg, 

which has a limited solubility in Zn (up to 0.1 wt. %), forming a eutectic phase at a concentration 

of 3 wt. %. Good cytocompatibility was observed [113], together with an improvement in 
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strength proportionally to the amount of Mg [114]. However, ductility remained limited, with a 

peak around 15% for a Zn-0.15Mg alloy [114]. Moreover, strain softening was not suppressed. 

Al resulted in a similar effect [114], also showing acceptable biocompatibility in vivo [115]. Other 

alloying elements were explored, such as Cu [116], Li [117], Ca, Sr [118], all showing good 

biocompatibility without affecting the degradation process. However, the inconvenient of strain 

softening still remained. At present, the most promising alloying element in for Zn is Ag, which 

was shown to suppress strain softening and improving the strength and ductility of Zn [112,119]. 

Recent works added further elements to the Zn-Ag system, resulting in further improved 

mechanical properties [112]. Moreover, the biosafety of this system was proven to be acceptable 

[120]. 

It must be noted, however, that the improvements in the mechanical properties of Zn are 

not yet matching the performances of the most used corrosion resistant metals, such as 316L 

and L605 alloys. This can also limit their application outside big coronary arteries, like in the case 

of Mg alloys. 

1.3 Fe-based biodegradable stents – state of the art 

Pure Fe was the first investigated material for biodegradable stents before Mg and Zn, the 

earliest animal study dating back to 2001 [60]. This work already identified the key advantages 

and inconveniences that are still characteristic of iron and its alloys: it possesses higher strength 

and ductility with respect to Mg- and Zn-based materials, but its corrosion proceeds too slowly 

in the long term. Iron and its alloys can be the best choice for developing biodegradable stents 

with reduced strut section, improving deliverability and broadening clinical applications. On the 

other hand, the limitation in corrosion still stands nowadays.  

From a physiological point of view, Fe is involved in the regulation of enzymatic activity 

and is considered an essential element for humans, with a required daily uptake of 1 mg [107]. 

On the other hand, an excessive intake of Fe is associated with the development of 

gastrointestinal and liver cancer, and it may be a co-factor in the insurgence of Alzheimer’s and 

Parkinson’s diseases [121]. 

From an electrochemical point of view, Fe has a higher electrochemical potential with 

respect to Mg and Zn, namely – 0.447 V vs. SHE [98]. Its Pourbaix diagram indicates that Fe 
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can undergo corrosion in neutral pH in aqueous environments [99]. Corrosion of pure Fe in 

aqueous solution can be schematized by the following two half-reactions: 

2𝐹𝑒(𝑠) → 2𝐹𝑒2+(𝑎𝑞) + 4𝑒− 

𝑂2(𝑔) + 2𝐻2𝑂(𝑎𝑞) + 4𝑒− → 4𝑂𝐻−(𝑎𝑞) 

The global corrosion reaction can be thus written as follows: 

2𝐹𝑒2+(𝑎𝑞) + 4𝑂𝐻−(𝑎𝑞) → 2𝐹𝑒(𝑂𝐻)2(𝑠) 

If Fe hydroxide recombines with water, iron oxide can be obtained, although this reaction is not 

normally observed. 

Fe may also oxidize to the +3 state, giving the following anodic half-reaction: 

4𝐹𝑒(𝑠) → 4𝐹𝑒3+(𝑎𝑞) + 12𝑒− 

To which the following cathodic half reaction corresponds: 

3𝑂2(𝑔) + 6𝐻2𝑂(𝑎𝑞) + 12𝑒− → 12𝑂𝐻−(𝑎𝑞) 

In this case the overall corrosion reaction can be written as follows: 

4𝐹𝑒3+(𝑎𝑞) + 12𝑂𝐻−(𝑎𝑞) → 4𝐹𝑒(𝑂𝐻)3(𝑠) 

Eventually, iron hydroxide can recombine with water to form iron oxide (III), which was 

observed in some studies: 

4𝐹𝑒(𝑂𝐻)3(𝑠) → 2𝐹𝑒2𝑂3(𝑠) + 6𝐻2𝑂(𝑙) 

Oxidation state of Fe is a very important factor in its long-term cytocompatibility. When Fe is 

oxidized to Fe3+ instead of Fe2+, the degradation products (DPs) were seen to induce a higher 

acute cytotoxicity towards both fibroblasts [122,123], ECs and SMCs [124,125]. The products 

formed when pure Fe was implanted in animals have not been clearly identified yet. On the other 

hand, it was seen that the corrosion of Fe controls the proliferation of SMCs in the neointima, 

thus reducing the risks of ISR [126]. 

It must be noted that physiological fluids are not solely composed by water: as visible in 

table 1.2, whole blood includes several other metallic and non-metallic ions, together with 

proteins, which are seldom considered in electrochemical studies. Several species other than 

oxides or hydroxides can be formed because of the reactions of Fe with those ions, such as 
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phosphates (FePO4), and carbonates (FeCO3) [127]. Furthermore, Fe-free species can be 

adsorbed on the surface of the material, such as calcium carbonate (CaCO3) or proteins [11]. 

Mechanical properties of pure Fe surpass those of pure Mg and Zn by a significant margin. 

As visible in table 0.3, both elastic modulus, YS, UTS and elongation of pure Fe are the best 

among biodegradable materials, coming close to the values observed for 316L stainless steel. 

From a metallurgical point of view, this superiority in mechanical properties comes from the 

body centered cubic (BCC) crystal structure of Fe, which has a much higher number of slip 

systems that can be activated to accommodate plastic deformation, contrarily to Mg and Zn, 

both HCP. 

The main limitation in the clinical translation of Fe lies in its low corrosion rate. Animal 

trials found that a pure Fe stent remained mostly intact after 18 months from implantation, with 

undissolved degradation products surrounding the implant [60,61]. Another important concern 

to be considered is the ferromagnetism of pure Fe: such behavior can lead to misplacement of 

the stent during implantation because of poor visibility, in addition to limiting post-implantation 

follow-up by magnetic resonance imaging (MRI) [27].  

Table 1.2 Comparison between the composition of blood plasma and that of the most commonly used 
pseudo-physiological solutions [18] 

Ions 
(mg/L) 

Blood plasma NaCl 0.9M HBSS HMSS PBS PBS with albumin SBF 

𝑁𝑎+ 3000–3400 5425 3258 2795 3519 3519 3265 

𝐾+ 130–210 — 227 172 162 162 195 

𝐶𝑙− 3400–3750 3518 5043 3542 4947 4947 5275 

𝐻𝐶𝑂3
− 1100–2400 — 254 1654 — — 256 

𝐻𝑃𝑂4
2− 270–450 — 75 48 920 920 96 

𝐶𝑎2+ 84–110 — — 35 — — 100 

𝑀𝑔2+ 15–30 — — 14 — — 36 

𝑆𝑂4
2− 5–15 — — 78 — — — 

D-glucose 600–1100 — 1000 720 — — — 
Albumin 35000–50000 — — — — 1000 — 

The above-mentioned findings led to three key strategies for improving the performances 

of Fe-based biodegradable stents, which are concurrently pursued nowadays: 

• Alloying. The idea of adding other elements to Fe stems from the need of improving 

corrosion rate by either lowering the overall electrochemical potential of the material or 

by adding elements that induce formation of second phases, leading to galvanic 

corrosion. Furthermore, the choice of appropriate elements can eliminate the 
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ferromagnetic behavior, improve the biological performances and enhance the 

mechanical properties, up to levels similar to those of Co-Cr alloys [63]. 

• Processing. Another way to tailor the properties of Fe consists in applying different 

thermo-mechanical treatments in order to alter its structure, such as cold rolling or 

extrusion. Moreover, alternative routes to casting and plastic deformation were explored, 

such as electroforming or additive manufacturing.  

• Surface modification. The principle consists, as the name says, in altering the surface of 

the material in order to change the chemical composition of its surface as well as its 

roughness. Surface modification procedures include the application of a coating (either 

bioinert or bioactive), the implantation of other elements in the first atomic layers, or a 

combined strategy. Such an approach can also be used alone or in combination with 

alloying or processing. 

1.3.1 Alloying 

1.3.1.1 Fe-Mn alloys 

Mn is the most studied alloying element for biodegradable Fe stents for a multitude of 

reasons. From a metallurgical point of view, it is a powerful stabilizer of the austenitic (γ) phase 

of Fe, eliminating ferromagnetism [62,63]. Moreover, it improves mechanical properties by solid 

solution strengthening, increasing both ultimate tensile strength (UTS) and elongation to failure.  

From an electrochemical perspective, Mn is less noble than iron in the electrochemical 

series, showing a corrosion potential of - 1.185 V vs. SHE [98]. Being fully soluble in Fe, it can 

decrease the overall potential of the alloy, as shown by numerous studies [62,128,129]. Similarly 

to the case of Fe, the anodic and cathodic half-reactions for Mn in aqueous solution are the 

following: 

2𝑀𝑛(𝑠) → 2𝑀𝑛2+(𝑎𝑞) + 4𝑒− 

𝑂2(𝑔) + 2𝐻2𝑂(𝑎𝑞) + 4𝑒− → 4𝑂𝐻−(𝑎𝑞) 

Thus leading to the overall reaction: 

2𝑀𝑛2+(𝑎𝑞) + 4𝑂𝐻−(𝑎𝑞) → 2𝑀𝑛(𝑂𝐻)2(𝑠) 
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Also in this case, it is common for Mn to interact with other species in the body, giving most 

frequently rise to carbonates (MnCO3) [130]. The general corrosion mechanism for Fe-Mn alloys 

is schematized in figure 1.2. 

Physiologically speaking, Mn is a regulating factor for enzymes inside the body [65], and 

its deficiency is correlated to osteoporosis, a common bone disease [131]. Its recommended daily 

uptake is of 4 mg [27]. On the other hand, an excess of Mn is a known factor in the development 

of Parkinson’s disease [65], although the main transport mechanism of Mn to the brain is 

through the respiratory system, while blood transport plays a limited role [65]. 

The first studies on Fe-Mn alloys for biodegradable implants aimed at establishing the 

optimal content of Mn for improving the mechanical properties of Fe to a level comparable to 

316L stainless steel [62,64]. As mentioned before, Mn stabilizes austenite at room temperature; 

however, this is true only when at least 28 wt. % of Mn is added. For lower amounts, if an 

annealed and quenched material is considered, martensite can form, either HCP ε or body 

centered tetragonal (BCT) α’ [132,133], as predicted by Schumann’s diagram (figure 0.10). The 

presence of martensite can increase the strength of Fe but can conversely reduce its ductility. 

Fe-xMn alloys (x = 20, 25, 30, 35 wt. %) processed by powder metallurgy showed this same 

trend: if Mn was lower than 30%, high strength and low elongation to failure were observed, 

while for a content of Mn of at least 30% wt., lower strength and high elongation to failure were 

detected [64]. Both YS and UTS of the Fe-35Mn alloy were comparable to those of 316L, 

although the elongation to failure was of 30%, significantly lower than that of 316L [62]. Another 

study showed that, for a Fe-10Mn alloy, very high strength was achieved (UTS above 1000 MPa), 

although at the expenses of elongation to failure (below 15%) [63]. 
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The effect of Mn on corrosion behavior of Fe was assessed by several studies, using both 

electrochemical, immersion and animal tests. Potentiodynamic polarization (PDP) tests 

conducted by different researchers showed that the corrosion potential of Fe-Mn alloys with at 

least 20% of Mn is a direct function of the Mn content, with the lowest corrosion potential 

obtained for the highest amounts of Mn [11,64,134]; however, no difference in corrosion rate 

was detected from dynamic immersion tests up to 84 days [11], while static immersion tests 

showed the same direct relationship observed in PDP tests for 30 days of immersion [134]. 

Other researchers showed that plastic strain applied to Fe-Mn alloys with at least 20% of Mn 

promotes a faster corrosion rate with respect to an undeformed state [135,136]. Similarly, tests 

on a deformed Fe-35Mn stent showed a lower corrosion potential and higher corrosion rate 

with respect to an annealed coupon [129]. It was also seen that even adding 10% of Mn can 

increase the corrosion rate up to 28 days with respect to pure Fe [63]. 

Several studies also assessed the cytocompatibility of Fe-Mn alloys using different cell 

lines. It was observed that Fe-xMn alloys (x = 20, 25, 30, 35) do not cause a reduction in cell 

viability with respect to 316L stainless steel when put in contact with fibroblasts [11]. Similar 

Figure 1.2 Schematic representation of the corrosion mechanism of Fe-Mn alloys in a pseudo-
physiological solution: a) redox reaction at the interface material/solution; b) formation of a porous 
hydroxide layer; c) localized corrosion at the layer pores; d) formation of a compact layer with a composite 
Ca/P layer on top [11] 
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results were obtained for Fe-xMn alloys (x = 20, 30, 35) in contact with osteoblasts [134]. Other 

authors found that a Fe-30Mn alloy shows cytotoxicity towards bone marrow stem cells if a 

significant amount of Mn is released in cell culture medium [137].  

Although the addition of Mn generally promoted a faster corrosion rate after few days, a 

stable corrosion layer formed after some weeks since the start of the corrosion process, as 

detected both in laboratory setups [11,129,135,136] and in animal tests [138], preventing 

degradation of the material in the first 12 months. For this reason, researchers looked for adding 

one or more alloying elements to the Fe-Mn system without compromising mechanical 

properties and cytocompatibility. Such elements may increase the corrosion rate either by 

decreasing the overall electrochemical potential of the system or by creating galvanic couples 

[63]. 

Several elements have been explored, including C, Si, Pd, Ag, Mg and Ca. The addition of 

C will be treated in section 1.3.1.3, since its presence heavily modifies the metallurgy of the Fe-

Mn system, giving rise to alloys known as twinning-induced plasticity (TWIP) steels. 

Among those elements, Si is a stabilizer of the body-centered cubic (BCC) ferritic α phase 

of Fe and has a limited solubility in it. When Mn is also present, however, there is a wide solubility 

range of the three elements, granting a single-phase austenitic alloy for low amounts of Si. An 

interesting system explored in past years is the Fe-30Mn-6Si (wt. %) alloy. Such material showed 

vastly superior mechanical properties to pure Fe [139], together with a shape memory effect 

[140,141]. The presence of Si, on the other hand, was shown to decrease the cytocompatibility 

with ECs and SMCs, while decreasing the corrosion potential of the material with respect to 

pure Fe [139].  

In comparison, Pd is a potent γ-stabilizer for Fe and is partially soluble in both Fe and Mn 

[63]. Its addition can increase the short-term corrosion rate of Fe-Mn alloys by precipitation of 

Pd-rich second phases during appropriate thermal treatments, promoting galvanic coupling with 

the matrix [63]. Aging treatments were also shown to improve significantly the strength of the 

material with respect to Fe-Mn alloys [142]. Pd was also added to Fe-Mn-Si alloys, reducing the 

corrosion potential, increasing the corrosion rate without altering cytocompatibility [143,144].  

Contrarily to the previously discussed elements, Ag is completely insoluble in Fe [145], 

while showing a limited solubility in Mn [146]. Because of this, all reports available at present 
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produce such materials by powder-based techniques, either PM or AM (also known as 3D 

printing). This particular feature was shown to promote corrosion by galvanic coupling of Ag 

particles with a Fe-Mn matrix by several researchers [71,147]. In addition, Ag is a widely 

recognized antibacterial agent [92], which can be useful in minimizing the risk of surgery 

associated infections.  

Mg and Ca are both alkaline earths, with properties completely different to those of Fe 

and Mn. Both elements have much lower melting and boiling points, making liquid-phase 

processing unfeasible and even dangerous. Both elements have a very low electrochemical 

potential, namely – 2.868 V vs SHE for Ca and  2.372 V vs SHE for Mg [98]. The only successful 

reports on the use of such material in a Fe-Mn alloy involve the use of solid AM techniques, 

indicating an increase in corrosion rate [148]. 

1.3.1.2 Mn-free alloys 

As mentioned in the previous section, one of the main drawbacks of Mn is the possible 

long-term insurgence of severe diseases, such as Parkinson’s. This is especially true since the 

amounts of Mn added to Fe to improve mechanical properties are of at least 20% wt. For this 

reason, Mn-free alloys can be sought. 

Most reports discuss the addition of elements already used in the case of Fe-Mn alloys. 

For example, Pd was added to pure Fe using PM processes, showing no significant advantage in 

both corrosion and biological behavior over pure Fe [149–151]. Ag was also shown to increase 

the corrosion rate of pure Fe without compromising its biological performances [152]. 

Another studied element was Pt, among the most noble elements in the electrochemical 

series, with a potential of + 1.180 V vs SHE [98]. Moreover, its Pourbaix diagram in aqueous 

solution shows no active region [99], meaning that Pt may effectively act as cathode in a local 

galvanic couple with Fe. This was confirmed by researchers, finding a significant increase in 

corrosion rate because of the addition of Pt [151], while the cytocompatibility and 

hemocompatibility remained acceptable. 

Similarly to Pt, Au is a very noble element, with an electrochemical potential of + 1.692 V 

vs SHE [98]. Analogously to the case of Ag, Au was shown to increase the short-term corrosion 

rate of pure Fe as a function of the content of Au [152], without compromising the biological 

performances either.  
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PM techniques also permitted to develop Fe-based MMCs with metallic or non-metallic 

reinforcements. This strategy was mainly pursued to fabricate porous scaffolds for orthopedic 

applications; however, MMCs aimed at cardiovascular stents were also reported. 

An example is constituted by Fe-Mg2Si composites, aiming at creating galvanic coupling 

with the Fe matrix by introduction of a less noble phase. Depending on the mixing of powders, 

such composites showed an increased strength and decreased ductility with respect to pure Fe 

[153]. In addition, the corrosion rate was increased with respect to pure Fe in the short term, 

while slowing down after 100 days of immersion [154,155]. It was observed that phosphates 

formed on the surface of the material after 50 days from immersion, similarly to animal tests 

[154].  

1.3.1.3 Twinning-induced plasticity (TWIP) steels 

Twinning-induced plasticity steels were originally developed in the 19th century by Sir 

Robert Hadfield [156]. They are composed of Fe and Mn with the addition of either C or a 

combination of Al and Si. The content of Mn and C (or Al and Si) must be sufficiently high to 

stabilize only austenite at room temperature. For Fe-Mn-C TWIP steels, Schumann established 

the relationship between the contents of Mn and C to obtain only austenite at room temperature 

[83]: 

(𝑤𝑡. % 𝑀𝑛) =  −20(𝑤𝑡. % 𝐶) + 32 

showing that the higher the content of C, the lower the amount of Mn needed to stabilize 

austenite at room temperature. 

In the last 20 years there has been a renewed interest in such alloys because of their 

excellent mechanical properties. On average, TWIP steels possess a YS around 400 MPa, an 

UTS around 1000 MPa and an elongation to failure of at least 40%, indicating that strain 

hardening takes place during plastic deformation [67]. Because of such properties, these alloys 

are sought for crash-resistant structural parts in car bodies [132], with patents deposited by major 

players in the automotive market such as Daimler and Hyundai [67]. Furthermore, these values 

match those of Co-Cr alloys (table 0.2), making TWIP steels viable for manufacturing 

cardiovascular stents with smaller dimensions in comparison with Mg- and Zn-based devices. 

One of the main limitations of TWIP steels for automotive applications is their poor 

resistance to chloride corrosion [87]. On the other hand, since chloride ions are among the main 
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constituents of human plasma [18], they may be degraded by the action of physiological fluids, 

thus becoming high strength degradable stents, overcoming the limitations of Mg-based 

implants.  

TWIP steels for biodegradable stents 

In addition to the automotive market, in the last 10 years TWIP steels have attracted 

research in the field of biodegradable stents. As outlined above, the biggest advantage of TWIP 

steels over Mg-based, Zn-based and other Fe-based alloys lies in the outstanding mechanical 

properties, matching those of L605. In contrast with automotive applications, the alloying 

elements that can be used are limited by considerations on their effect on human body. Since, 

as already outlined before, Al is a known factor in the development of Alzheimer’s disease, its 

use for biomedical applications involving biodegradable metals should be avoided. Thus, the 

only viable TWIP steel system for cardiovascular stents becomes the Fe-Mn-C one. 

The overall corrosion mechanism of TWIP steels is comparable to that of Fe-Mn alloys, 

implying that the addition of C does not play a significant role in it. Tests in simple aggressive 

media, however, showed that TWIP steels are sensitive to chloride corrosion [87]. Since chloride 

ions are the most abundant ones in physiological fluids [18], TWIP steels may be corroded 

effectively under the action of such fluids. In addition, several works found that Fe-Mn-C steels 

in contact with non-physiological media were subject to hydrogen embrittlement [157,158]. 

In a similar fashion to Fe-Mn alloys, Fe-Mn-C steels suffer from the formation of a stable 

layer of degradation products on the material surface during the corrosion process. It was shown 

that this layer is mainly composed by carbonates and phosphates [130]. The nature of the 

degradation products varies according to the testing medium and atmosphere [69]: these factors 

should be taken carefully into account when designing tests, in order to replicate in vivo 

conditions as reliably as possible. On the other hand, it was shown that TWIP steels have a lower 

electrochemical potential with respect to pure Fe. Moreover, plastic deformation can affect 

corrosion, since twins may act as preferential corrosion sites [147]. This same study showed that 

proteins can reduce the corrosion rate of TWIP steels. Another study showed that both 

cytocompatibility towards human ECs and SMCs and hemocompatibility were acceptable [159]. 

Like in the case of Fe-Mn alloys, the most employed strategy to improve the corrosion 

rate relies in adding other elements in order to form galvanic couples [63]. Among others, Pd 
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was explored, showing an improvement in the short-term corrosion performances of a TWIP 

steel in a laboratory setup, although a compact corrosion layer was formed, as visible in figure 

1.3 [12]. Moreover, it did not affect the mechanical properties nor the biological performances 

of the same steel [94,160]. However, when this steel was implanted into rat bones, no evident 

corrosion was observed 1 year after implantation [70]. It should however be noted that a bone 

is a much different environment with respect to a blood vessel, with a much lower blood 

perfusion.  

 

Figure 1.3 Schematic representation of the corrosion mechanism of Fe-Mn-C-Pd alloys in SBF [12] 
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Microalloying a Fe-30Mn-1C alloy with S was also studied. Small quantities of S could be 

fully dissolved in the matrix, allowing not to modify mechanical properties in the as cast state, 

while generating a small improvement in corrosion behavior [161,162]. In addition, 

cytocompatibility towards fibroblasts was similar to that of the S-free steel. In addition to S, B 

microalloying was also explored using the same base alloy. In contrast with S, B is insoluble in 

the matrix, resulting in the formation of boron carbides that could lead to premature failure of 

the material [162]. Corrosion and cytocompatibility were similar to the case of S. 

Some studies reported the production of Fe-Mn-C steels alloyed with Ag aimed at 

biodegradable stents: contrarily to Pd and S, Ag is completely insoluble in the matrix [146]. In 

addition, its high density makes production of such alloys by casting non-trivial, leading to 

preparation of pieces from such alloys by additive manufacturing (AM). The presence of Ag 

resulted in a reduction of mechanical properties, while it increased the short-term corrosion rate 

of the alloy [73,74]. Another interesting feature of Ag lies in its well-known antibacterial 

behavior, which may have the side effect of minimizing the risk of surgery-associated infections, 

although no studies on the antibacterial properties of Fe-Mn-C-Ag steels are available at present. 

Another antibacterial element that was explored for increasing the corrosion rate of TWIP 

steels is Cu. In more acidic environments (artificial urine) than that of blood vessels, the presence 

of 0.8% wt. of Cu in a Fe-30Mn-1C alloy was shown to double the corrosion rate, while showing 

a strong antibacterial activity. 

At the time this thesis was written, no reports were available on in vivo studies of TWIP 

steels in arteries, leaving open questions on clinical translation of such a material. 

1.3.2 Processing 

Production of a biodegradable stent is carried out similarly to that of a permanent one, as 

outlined in the Introduction. In the case of Fe-based degradable alloys, the use of alternative 

processing routes was explored to enhance corrosion rate while possibly simplifying the 

production chain.  

1.3.2.1 Electroforming 

A near net shape technique reported for biodegradable Fe is electroforming, which 

involves deposition of metallic ions onto a substrate by means of an electrochemical reaction in 

a solution [163]. More in detail, a cathode and an anode are immersed in a conductive medium 
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and are electrically connected so that a current can circulate. An oxidation reaction occurs at the 

anode, releasing metallic ions that are deposited onto the cathode, acting as a substrate. After 

the process is completed, the final electroformed product can be removed from the substrate 

using a variety of techniques, such as mechanical removal, selective chemical dissolution of the 

substrate, or melting of the same if a low melting point metal was used (e.g. Sn). A schematic 

view of the process is shown in figure 1.4. 

One of the main advantages of electroforming lies, as mentioned above, in its one-step 

nature, considerably reducing the time needed to produce a stent precursor. In addition, the 

thickness of an electroformed tube can be easily controlled by adjusting process parameters, 

which also govern the microstructure of the obtained product [164]. The microstructure of an 

electroformed device can also be controlled by applying post-process thermal treatments. This 

can also impact mechanical properties: in the case of pure Fe, it was shown that the as-

electroformed material has a UTS above 400 MPa but an elongation to failure below 10%, while 

annealing resulted in a lower UTS but higher elongation to failure, which could exceed 30% [13]. 

It was also shown that electroformed and cast Fe have no difference in cytocompatibility towards 

fibroblasts, while electroformed Fe had a higher corrosion rate with respect to cast Fe in tests 

up to 2 weeks [165]. 
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In addition to pure Fe, also Fe-based alloys can be produced. A report showed the 

feasibility of electroforming Fe-P sheets on top of a Fe substrate, producing some increase in 

corrosion rate in electrochemical tests [166].  

So far, the only literature reports on electroforming of Fe-based alloys discuss pure Fe or 

very simple systems. In addition, only one report discusses electroforming of stents made of 

pure Fe [167], and in vivo tests have not been performed yet. 

1.3.2.2 Magnetron sputtering 

Another bottom-up technique used to build Fe-based biodegradable metals is magnetron 

sputtering. In this technique, a target of a certain material is bombarded by ions generated in a 

plasma directed to it, allowing to remove atoms from the target and depositing them onto the 

surface of a substrate. Magnets help directing target atoms onto the substrate to increase 

deposition efficiency [168]. This process is used in a large variety of fields to deposit coatings 

having different properties [168]. 

Figure 1.4 Overview of a planar electroforming apparatus [13] 
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In recent years, deposition of thin foils of Fe-based materials for biomedical applications 

was reported. The main advantage over conventional top-down approaches described in section 

1.4.1 lies in the possibility of producing very thin structures with good thickness control [169]. 

Pure Fe foils were deposited by researchers, showing higher strength and lower ductility with 

respect to annealed pure Fe but similar corrosion rate from electrochemical tests [169]. Fe-Mn 

alloys were also produced by magnetron sputtering with varied compositions, ranging from 5% 

to 70% wt. Mn [170,171] or using a layer-by-layer (Fe-Mn)-Fe structure [172]. Similarly to bulk 

alloys, foils with low Mn content show very low elongation to failure and high tensile strength, 

while foils with high Mn content have opposite behavior [172]. Annealing treatments on Fe-

32Mn foils resulted in overall improved ductility, with elongation to failure reaching 25% while 

keeping a tensile strength above 600 MPa [170]. Fe-Mn foils showed a decreased short-term CR 

with respect to magnetron sputtered pure Fe: while the CR of the latter was found to be in the 

order of 0.10 mm/year, Fe-Mn alloys ranged from 0.08 to 0.02 mm/year [172]. This is a function 

of Mn content: the more Mn is in the material, the lower the corrosion rate, as already observed 

for Fe-Mn alloys. Cell viability towards fibroblasts was independent from Mn content for 

magnetron sputtered films, and was similar to a negative control [171]. 

1.3.2.3 Additive manufacturing 

Additive manufacturing (AM), also known as three-dimensional (or 3D) printing, collects 

a number of fabrication techniques involving the building of pieces by successive layers. In the 

case of metal AM, the starting material is commonly supplied in the form of powders with 

spherical particle shape. Powder particles are locally melted with either a laser or electron beam 

on each layer to form the final component in near net shape. As soon as the beam is moved 

from the melted region, this latter part solidifies very rapidly. Three big families of AM processes 

are available nowadays: selective laser melting (SLM), electron beam melting (EBM), and direct 

energy deposition (DED) [93].  

SLM and EBM are both powder bed processes, where a powder bed is prepared on a 

movable plate within a chamber filled with a protective gas, such as N2 or Ar. The beam locally 

melts the powder which will form a layer of the final piece. Right after the beam has passed, the 

part solidifies. Once a layer is solidified, the plate lowers, a layer of powder is added, and the 

successive layer is prepared with the same procedure. This scheme is repeated until all layers 

have been melted and solidified. The unmelted powder is recovered on a tray in the chamber for 
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reuse or discard. The only conceptual difference between SLM and EBM lies in the beam source: 

a laser for SLM, an electron beam for EBM [93]. 

DED differs from SLM and EBM in the fact that the material is deposited with a nozzle 

coaxial with the laser beam, requiring less material than in powder bed technologies. More than 

one feedstock can also be added, making alloy preparation or co-deposition directly in the nozzle 

possible [93]. The main advantage of AM techniques in comparison with subtractive 

technologies lies in the near net shape nature of the process. However, post-processing is 

commonly necessary since AM parts have generally high surface roughness. Piece geometry and 

thickness is limited by how focussed the beam can be, which in turn requires powders with a 

minimal size and spherical shape.  

At present, no reports on additively manufactured stents or stent precursors from Fe-

based alloys are available in the literature. Fe-based additively manufactured scaffolds were 

reported [173,174], with strut size as low as 200 µm and an increased corrosion rate up to 28 

days. In addition, no cytotoxicity towards osteoblasts was reported. 

The main challenge that AM technologies face is miniaturization, since the powder particle 

size to manufacture solid components is still too large to think towards a stent with 60 µm struts, 

such as obtainable from Co-Cr alloy using precision cold drawing. 

1.3.3 Surface modification 

An alternative and complementary strategy to adding alloying elements to bulk Fe is 

surface modification. This approach can either involve the application of a coating of varied 

nature, adding other elements to the alloy in the first atomic layers, modifying the surface 

roughness, or a combination of these strategies. Since corrosion of a given material starts from 

its surface, modifying it can alter the corrosion behavior, possibly hindering the formation of a 

passive layer; this could allow full degradation of a Fe-based stent.  

1.3.3.1 Mechanical modification 

Surface roughness can be modified using several treatments, either chemical or 

mechanical. When corrosion is considered, having a higher surface roughness results in a higher 

surface area available for attack by an aggressive medium. An example of mechanical surface 

treatment is sandblasting, where a gun projects sand particles with known characteristics on the 
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surface of a material in order to modify its roughness. In the case of pure Fe, it was shown that 

sandblasting can increase its corrosion rate for immersion in simulated body fluid (SBF) up to 

28 days while promoting good cytocompatibility towards osteoblasts [175].  

Surface treatment may also be used to locally change the alloy microstructure, thus 

provoking a different reaction to corrosive attack. Shot peening is a technique somewhat similar 

to sandblasting, but it was reported to induce dynamic recrystallization by local severe plastic 

deformation induced by particles hitting the material surface at high speed [176]. Dynamic 

recrystallization involves high levels of plastic deformation on a material, leading to nucleation 

and growth of new grains by releasing the excess internal energy stored by plastic deformation 

by applying further deformation [177]. This contrasts with static recrystallization, where 

nucleation of new grains is stimulated by heating the previously deformed material. Shot peening 

was applied to pure Fe to produce nanostructured grains on the material surface [178]. It was 

shown that shot peening induced a decrease in the electrical resistance of the surface of pure Fe 

in a simple 0.9% NaCl solution, implying that it may be more prone to corrosion. This was 

associated to a reduction in grain size caused by shot peening. 

1.3.3.2 Ion implantation 

Another process that can be used to modify the composition of the first tens of 

nanometers of Fe is ion implantation of other elements. This technology involves bombarding 

a material with ions of the element to implant which, travelling at very high speed, will impact 

the surface and penetrate the first atomic layers.  

The element for which the most results were reported is Zn. It was seen that corrosion 

rate increased when the content of implanted Zn increased, although this was valid up to 10% 

wt. Zn, after which the corrosion rate decreased, based on electrochemical tests in SBF [179]. 

Implanting a lower amount of Zn (around 3% wt. in the first 60 nm from the surface) resulted 

in an increase in corrosion rate versus pure Fe in the first 15 days of immersion; however, the 

effect was nullified after 30 days immersion in Hanks’ modified salt solution (HMSS) [180]. In 

both cases, cytotoxicity towards osteoblasts and fibroblasts was higher than in the case of pure 

Fe. When hemocompatibility is considered, hemolysis was kept at acceptable levels, while ion 

implantation caused a marked increase in adhered platelets, indicating possible thrombogenicity. 
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Another element for which ion implantation was studied into pure Fe is Ag [181]. It was 

seen that the presence of Ag did not alter corrosion current density from PDP tests in Hanks’ 

solution, but it decreased its polarization resistance with respect to pure Fe. On the other hand, 

a similar behavior to Zn implantation was reported for hemocompatibility: while hemolysis 

remained at acceptable levels, platelets adhesion was strongly increased in the presence of Ag. 

Finally, implantation of Ta into pure Fe was also explored [182]. Ta increased the 

corrosion potential and current density with respect to pure Fe and promoted cell attachment 

on the surface. 

In synthesis, while ion implantation looks like a promising technique for increasing 

corrosion rate, care should be taken when considering platelet adhesion, since the implantation 

of different ions resulted in possible thrombogenicity. This may be due to intrinsic limitations 

in the technique. 

1.3.3.3 Nitriding 

Another surface modification technique consists in nitriding, where N atoms are 

introduced in the first atomic layers of a material, either by gaseous diffusion or by plasma 

bombardment. Nitriding of pure Fe stents was reported, showing the potential of the technique 

to be used for real devices. The first study reports in vivo results for relatively big stents (8 mm 

outer diameter, 120 µm strut thickness) in pigs up to 12 months [183]. Electrochemical tests 

showed a twofold increase in corrosion rate in comparison with pure Fe; on the other hand, 

dissolution of the stent in pigs was only partial after 12 months. In addition, lumen loss was 

observed at 12 months, which was absent at 3 and6 6 months timepoints. No chronic 

inflammation was observed. 

A second version of this device had much smaller dimensions (3 mm outer diameter, 70 

µm strut thickness). In vivo tests were carried out on rabbits (up to 12 months) and pigs (up to 

53 months) [184]. While full degradation of the nitride stent was achieved in rabbits, this was 

not the case for implantation in pigs at 53 months. This also shades the validity of in vivo 

assessments in rabbits, since pigs are a more realistic model for the human cardiovascular system. 

A newer nitride stent with even smaller dimensions (3 mm outer diameter, 53 µm strut 

thickness) was also tested in rabbit aortae for up to 13 months [14]. The design of the surface 

was also modified, including a drug releasing PDLLA coating and a Zn conversion coating. It 
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was found that 95% of the stent volume degraded in 13 months, but the validity of the approach 

should be validated with a more representative animal model, since adverse results were found 

in the aforementioned study after positive outcomes in rabbits. Degradation of such device in 

vivo is shown in figure 1.5. 

1.3.3.4 Surface patterning 

Patterning a surface with another material to modify its properties is another surface 

modification process that was explored for Fe-based alloys. Both a polymer and a metal were 

used for making a patterned coating on pure Fe. Pt was deposited in the form of discs on a flat 

pure Fe surface by photolithography with 2 different diameters, 4 and 20 µm [185]. Static 

immersion tests in Hanks’ solution showed an increased corrosion rate with respect to pure Fe 

up to 42 days. In addition, both cell viability towards SMCs, hemolysis and platelet adhesion 

were improved with respect to pure Fe. 

Another option consisted in applying a patterned polylactic acid (PLA) coating on a pure 

Fe sheet in order to favor corrosion by local acidification [186]. This approach appeared to have 

accelerated short-term corrosion of pure Fe. This same paper reported in vivo results of PLA-

coated Fe stents in rabbits for up to 12 months. It is claimed that the struts disappeared after 1 

year from implantation, but the degradation products are still present at the strut sites. 

Figure 1.5 Degradation of a nitrided Fe stent in the abdominal aorta of rabbits by micro-computer 

tomography a) 1 month; b) 3 months; c) 6 months; d) 13 months [14] 
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2.1 Résumé 

Les alliages de fer ont des excellentes propriétés mécaniques pour les stents 

cardiovasculaires, mais leur taux de dégradation est insuffisant. Les aciers à plasticité induite par 

maclage (TWIP) possèdent des propriétés mécaniques excellentes pour envisager des stents 

cardiovasculaires dégradables plus minces. Pour accélérer la dégradation, l’ajout d’éléments 

nobles pour promouvoir la corrosion par couplage galvanique a été proposé, dont l’argent. En 

revanche, son impact sur le mécanisme de déformation des aciers TWIP est méconnu. L’ajout 

d’Ag réduit significativement la ductilité sans changer la résistance du matériau, quand il promeut 

une texture de déformation différente, stimulant ainsi la formation de martensite mécanique. La 

compréhension de la microstructure et de la texture résultantes de la déformation plastique peut 

aider à prédire les mécanismes de dégradation qui se produisent pendant l’implantation. En ajout, 

connaître la microstructure déformée permet de comprendre la formabilité des stents 

dégradables à section mince.  
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2.2 Abstract 

While Fe-based alloys have already been reported to possess all mechanical properties 

required for vascular stenting, their relatively low degradation rate in vivo still constitutes their 

main bottleneck. The inflammatory reaction generated by a stent is inversely proportional to its 

mass. Therefore, the tendency in stenting is to lower the section so to reduce the inflammatory 

reaction. Twinning-induced plasticity steels (TWIP) possess excellent mechanical properties for 

envisaging the next generation of thinner degradable cardiovascular stents. To accelerate the 

degradation, the addition of noble elements was pro- posed, aimed at promoting corrosion by 

galvanic coupling. In this context, silver was reported to generally increase the degradation rate. 

However, its impact on the deformation mechanism of TWIP steels has not been reported yet. 

Results show that the use of Ag significantly reduces the ductility without altering the strength 

of the material. Furthermore, the presence of Ag was found to promote a different deformation 

texture, thus stimulating the formation of mechanical martensite. Since a stent works in the 

deformed state, understanding the microstructure and texture resulting from plastic deformation 

can effectively help to forecast the degradation mechanisms taking place during implantation 

and the expected degradation time. Moreover, knowing the deformed microstructure allows to 

understand the formability of very small tubes, as precursors of the next generation of thin 

section degradable stents.  
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2.3 Introduction 

Biodegradable metallic stents have long been seen as the next revolution for treating 

cardiovascular diseases [16,26,27,96]. Since 2016, a Mg-based stent is available on the market 

[51,52,187]. However, its structure is much bigger with respect to current state-of-the-art drug-

eluting or bare metal stents [10], possibly reducing deliverability and long-term safety [5]. This is 

also a competitive disadvantage, since the strut size of permanent stents has constantly decreased 

thanks to technological innovations [5,188]. Moreover, the volume of the implanted stents is 

inversely proportional to its expected clinical success, mainly due to the fact that the generated 

inflammatory reaction is expectedly lower [5]. 

Iron-based alloys are considered a viable material for producing smaller degradable 

vascular stents, since they possess better mechanical properties than Mg-based alloys [45,189]. 

Moreover, as explained before, a thinner degradable stent has a significant clinical advantage in 

reducing the risk of late adverse reactions such as thrombosis, which already provoked negative 

outcomes for an absorbable polymeric stent [40]. While pure Fe proved to be biologically safe 

in an animal model [60,61], it has a low degradation rate [27] and is ferromagnetic, making post-

implantation follow-up more difficult [127]. Alloying with Mn was proposed to improve the 

mechanical properties while making the material non-ferromagnetic [11,62]. While the 

accumulation of high amounts of Mn in the brain is known to favor the appearance of 

Parkinson’s disease, blood transport is a minor cause [190]. Recent in vivo tests also proved the 

biological safety of Fe-Mn alloys. [138].  

Twinning-induced plasticity steels (TWIP), made of Fe, Mn and C, constitute an 

interesting compromise between degradable materials and high-resistance steels, showing 

mechanical properties far superior than those of Fe-Mn alloys [67]. Mechanical properties 

approach those of Co-Cr alloys commonly used for corrosion-resistant stents [10], and their 

structural section reaches now as low as 65 microns [5,188]. TWIP steels mainly deform by 

mechanical twinning instead of dislocation gliding, mostly because of their chemical composition 

[83]. From a degradation point of view, TWIP steels degrade faster than pure Fe [12,161]. 

However, a compact passive film is formed during degradation, preventing long-term corrosion 

to occur [69,130]. In order to accelerate corrosion, the addition of noble elements has been 

proposed by several authors, aiming at promoting galvanic coupling between the matrix and 

noble second phases [63,73,94,162].  
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The addition of Ag to TWIP steels has been proposed for promoting galvanic corrosion, 

showing promising results [73,74]. However, the influence of Ag on the microstructure and 

mechanical properties of the TWIP alloys has not been understood yet. In this work, the effect 

of Ag on the deformation mechanism was investigated, in an attempt to explain its influence on 

the microstructure and mechanical properties at various levels of deformation. A new Fe-16Mn-

0.7C (wt. %) alloy served as the base material for adding Ag, which was produced by melting 

and casting. This composition was selected to limit the amount of Mn present in the alloy, while 

promoting pure mechanical twinning with the lowest amount of C possible. An insufficient 

quantity of C may promote the formation of mechanical martensite instead of twins, thus 

reducing the ductility [82]. Production by casting contrasts with the works on powder metallurgy 

done at present [73,191]. Studies on cast materials are more appropriate for technological 

transfer, since stents are commonly cut from minitubes extruded from cast billets [6,24].  

2.4 Materials and Methods 

2.4.1 Material preparation 

Two alloys, with nominal composition Fe-16Mn-0.7C and Fe-16Mn-0.7C-0.4Ag (wt. %), 

were cast from pure elements (Fe > 99.9%, Allied Metals, USA; Mn > 99.7%, Hickman, Williams 

& Company, USA; C > 99.9%, Tianjin Dashi Carbon Co. Ltd, China; Ag > 99.95%, Pyromet, 

USA). The two alloys will be named 0Ag and 0.4Ag in the following. An induction melting 

furnace with a liquid argon protection system was used in order to minimize the evaporation of 

manganese during casting (VIP Inductotherm, USA). The obtained billets (12.5 mm x 25 mm x 

130 mm) underwent solution heat treatment at 1100°C for 12h in a vacuum furnace to prevent 

excessive decarburization (Vac Aero VAH Series, Canada). Quenching was performed by 

injecting gaseous Ar in the chamber at a pressure of 2x105 Pa. 

The billets were brought to a thickness of 2 mm by means of hot rolling at 800°C. The 

material was kept at 800°C for 15 minutes in a resistance furnace prior to each rolling pass 

(Lenton AWF 13/25, UK). After the final hot rolling pass, the sheets were annealed at 800°C 

for 15 minutes in air, followed by water quench. Cold rolling was then performed for inducing 

different degrees of plastic deformation inside the material: the billet thickness was reduced by 

10% (CR10), 25% (CR25) and 50% (CR50) respectively. Some billets deformed at 25% were 

annealed at 800°C for 15 minutes in a resistance furnace and water quenched, in order to create 

a deformation-free state (CRA). 
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2.4.2 Mechanical properties 

The mechanical properties of the developed alloys were studied by means of tensile tests 

at a static strain rate (0.5 mm/min) on a universal mechanical testing machine (MTS Alliance 

RT-100, USA), following the ASTM E8/E8m-15a standard (n = 3). Flat samples were cut from 

the obtained sheets along the rolling direction. The loading direction was parallel to the rolling 

direction. In addition to this, Vickers microhardness tests were performed to assess the effect of 

thermo-mechanical treatments on the mechanical properties, using a 500 g load with a dwell 

time of 15 s (Clemex JS-2000, Canada) (n=5). Prior to microhardness testing, the samples were 

mechanically polished with SiC abrasive papers of 180, 320 and 600 grit, followed by 3 µm and 

1 µm diamond suspension on a polishing cloth. Final polishing was performed with a colloidal 

alumina suspension having an average particle size of 50 nm. 

2.4.3 Microstructure 

The amount of Fe, Mn and Ag in both alloys was determined by atomic absorption 

spectroscopy (AAS). On the other hand, the amount of C was analyzed by means of a pyrolytic 

carbon/sulphur detector (LECO CS200, USA). 

X-Ray Diffraction (XRD, Siemens D5000, Germany) was performed to identify the 

crystalline phases present in both alloys, using a Bragg-Brentano geometry with a Cu Kα 

radiation (λ = 1.54 nm). Scans were performed for 2θ ranging from 20 to 100°. Peak 

identification was performed using CrystalDiffract software (CrystalMaker Software Limited, 

UK). Prior to XRD, samples were mechanically polished similarly to those used for Vickers 

microhardness tests up to 3 µm diamond suspension. 

In order to study the microstructure of both alloys, scanning electron microscopy analyses 

(SEM) were performed on mechanically polished samples (Hitachi SU-3500, Japan). Prior to 

observation, the samples were polished similarly to what was done for Vickers microhardness 

tests. The samples were then etched with Picral reagent (4 g of picric acid dissolved in 100 mL 

of ethanol). For analyzing the chemical composition of the Ag-rich particles, wavelength 

dispersion X-Ray spectroscopy analyses (WDS) were performed on a polished sample using a 

WAVE detector coupled with the INCAEnergy+ software for data collection (Oxford 

Instruments, UK). 



 

53 

Electron backscattered diffraction analyses (EBSD) were performed for understanding the 

texture and preferential orientations of the observed phases of the studied alloys, using a 

NordlysMax detector (Oxford Instruments, UK) installed on the same SEM used for 

microstructural analyses. The analyzed area was of 200 x 150 µm in all conditions. Data were 

collected with AZtec HKL software (Oxford Instruments, UK). Post-processing of the obtained 

data was done by means of Channel5 software (Oxford Instruments, UK). Prior to EBSD, 

polished samples underwent Broad Ion Beam milling under an Ar+ beam at 4 kV in order to 

produce a polished, deformation-free surface (BIB, Hitachi IM-4000 Plus, Japan). The obtained 

quality index (Q.I.) was superior to 90% for the CRA and CR10 samples, while it dropped to 

75% for the 0Ag CR25 sample. However, Q.I. decreased to 43% for the 0.4Ag CR25 sample 

because of the important residual stresses. EBSD analyses on the CR50 samples could not be 

conducted because of the excessive residual stresses stored in the samples, not allowing to obtain 

a Q.I. above 15%. 

Transmission electron microscopy (TEM) analyses were carried out by a Philips CM200 

microscope operating at 200 kV and equipped with a LaB6 filament. For TEM observations, 

samples were prepared using the conventional thinning procedure consisting of mechanical 

polishing by grinding papers, diamond pastes and a dimple grinder. Final thinning was 

performed by an ion beam system (Gatan PIPS) using Ar ions at 5 kV. 

2.4.4 Statistical analyses 

Errors are reported in terms of standard deviations. In Figure 2.2, the error bars were 

calculated as the uppermost and lowermost deviation from the calculated average. In order to 

determine whether tensile tests and microhardness tests generated significant differences, one-

way ANOVA tests with Tukey’s post-hoc comparison were performed using Minitab 18 

software (Minitab Inc., USA). Differences were considered statistically significant when p < 0.05 

at least. 

2.5 Results 

2.5.1 Chemistry 

The chemistry for both cast alloys is reported in Table 2.1. It can be observed that the 

actual composition closely resembles the nominal one. The difference in manganese content 

between the 0Ag and the 0.4Ag alloys was not found to be statistically significant. 
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Table 2.1 Chemical composition of the 0Ag and 0.4Ag alloys. The amounts of Fe, Mn and Ag were 
quantified by AAS, while the amount of C was determined by C/S pyrolytic detector. 

Material Fe (wt. %) Mn (wt. %) C (wt. %) Ag (wt. %) 

Fe-16Mn-0.7C Balance 15.22 ± 0.20 0.72 ± 0.01  
Fe-16Mn-0.7C-0.4Ag Balance 15.60 ± 0.20 0.73 ± 0.01 0.38  0.02 

Table 2.2 Average values for yield strength (YS), ultimate tensile strength (UTS) and elongation to failure 
(εf) for both alloys (* p < 0.01). 

Material σy (MPa) σu (MPa) εf (%)* 

Fe-16Mn-0.7C 376 ± 7 1946 ± 11 54.7 ± 2.1 

Fe-16Mn-0.7C-0.4Ag 433 ± 7 1768 ± 84 41.7 ± 4.0 

2.5.2 Mechanical properties 

The true stress – true strain curves for the 0Ag and 0.4Ag alloys after annealing are 

reported in Figure 2.1. Detailed results for the yield strength, ultimate tensile strength and 

elongation to failure are visible in Table 2.2. On one hand, the addition of Ag does not generate 

any statistically significant difference in terms of both yield and ultimate tensile strengths. On 

the other hand, the difference in elongation to failure is statistically significant (p < 0.01). The 

strength and ductility values far exceed the recommended thresholds for cardiovascular stents 

[24,45]. As commonly reported for TWIP steels [67], serrations in the stress-strain curves 

associated to dynamic strain aging (DSA) are visible for both alloys. On the other hand, DSA 

starts at around ε = 16% in the case of the 0.4Ag alloy, as compared with the 0Ag alloy, where 

the first serrations appear at ε = 25%. 

Figure 2.1 True stress – True strain curves for the 0Ag and 0.4Ag alloys in the annealed state. The inset 
shows the region with strain ranging between 15 and 30%, highlighting the beginning of DSA. 



 

55 

Vickers microhardness values for all the thermo-mechanical treatment conditions are 

found in Figure 2.2. It can be seen that microhardness varies with the same trend for both alloys: 

Solution heat treatment (SHT) is effective in relieving thermal stresses due to casting (p < 0.01). 

Moreover, microhardness increases by increasing the amount of plastic deformation imposed 

on the material (excluding the case of the 0Ag alloy, for which there is no difference between 

the CR10 and CR25 conditions). 

Finally, annealing is effective in inducing recrystallization, since hardness is significantly 

decreased and brought back to the same value observed after casting (no statistically significant 

difference is present between the as cast and the annealed condition for both alloys). 

2.5.3 X-ray diffraction 

The XRD spectra for both alloys are reported in Figure 2.3. The 0Ag alloy (Figure 2.3a) 

shows only peaks that can be associated to different austenitic planes (γ-iron, FCC). When the 

0.4Ag alloy is considered (Figure 2.3b), austenite is the only observed phase for the CRA and 

CR10 conditions. However, new peaks appeared in the CR25 condition: such peaks can be 

associated to ε-martensite (HCP) (Figure 2.3c). These additional peaks are also visible in the 

spectrum of the CR50 condition. 

Figure 2.2 Vickers microhardness evolution for the 0Ag and 0.4Ag alloys after the different thermo-
mechanical treatment steps (AC: As Cast; SHT: Solution Heat Treated; CR10: cold rolled at 10% reduction; 
CR25: cold rolled at 25% reduction; CR50: cold rolled at 50% 
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Figure 2.3 XRD spectra for the 0Ag and 0.4Ag alloys: a) 0Ag alloy, all deformation conditions; b) 0.4Ag 
alloy, all deformation conditions; c) 0.4Ag alloy after cold rolling thickness reduction of 25%, detail for 2θ 
between 42 and 48° showing the different ε-martensite peaks. 
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2.5.4 Scanning electron microscopy 

The microstructural evolution of the 0Ag alloy is outlined in Figure 2.4 a-d. In the annealed 

condition (CRA, Fig. 2.4a), the grains are equiaxed, without any alignment along the deformation 

direction. The black particles that are visible inside some grains are pits caused by etching. In the 

CR10 condition (Fig. 2.4b), the grains are still equiaxed, and their size looks similar to the case 

of the annealed material. Mechanical twins are visible inside some grains. The white particles 

that are visible at some grain boundaries could be associated to carbide clusters. When the cold 

rolling reduction is increased to 25% (CR25, Fig. 2.4c), the amount of mechanical twins inside 

the grains increased. Twins are visible as straight needles going through an entire grain. The grain 

size and shape is comparable to that of the CR10 condition. Finally, after 50% cold rolling 

(CR50, Fig. 2.4d), grains started to elongate along the rolling direction, while a high amount of 

twins is formed. The grain size appears not to have been modified significantly. 

When the 0.4Ag alloy is considered (Fig. 2.4e-h), the microstructure is different. In the 

CRA state (Fig. 2.4e), it can be seen that grains are much finer than in the case of the 0Ag alloy. 

Silver-rich second phase particles appear as bright spots, elongated along the rolling direction. 

Moreover, some grains contain a small fraction of mechanical twins, indicating that Ag 

influences the recrystallization of the alloy. When deformed to a small extent (CR10, Fig. 2.4f), 

as in the case of the 0Ag alloy, some twins are present inside the grains. The shape and size of 

the Ag-rich particles has not been modified. However, the grains are of comparable size with 

respect to the annealed state, which is similar to the case of the 0Ag alloy. Increasing the amount 

of thickness reduction up to 25% (CR25, Fig. 2.4g), a great number of twins is visible inside the 

grains. Moreover, some shorter plates are visible inside some grains. Such plates can be 

associated to the ε-martensite detected from XRD measurements. Finally, as in the case of 0Ag, 

grains start to elongate along the rolling direction in the CR50 condition. 
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Figure 2.4 SEM micrographs from the 0Ag (a-d) and 0.4Ag (e-h) alloys after cold rolling: a) 0Ag, CRA; b) 
0Ag, CR10; c) 0Ag, CR25; d) 0Ag, CR50; e) 0.4Ag, CRA; f) 0.4Ag, CR10; g) 0.4Ag, CR25; h) 0.4Ag, CR50. 
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The WDS elemental mapping of an Ag particle in the annealed state is visible in Figure 

2.5. From the maps, it can be clearly seen that no Fe is present inside the particle. Moreover, no 

Ag appears to be dispersed inside the Fe-Mn-C matrix. While Ag is the predominant element, 

some Mn is also present. Looking at the Ag-Mn phase diagram [192], it can be seen that the 

solubility limit of Mn in Ag is of 28% wt., indicating that the secondary phase observed in the 

0.4Ag alloy can be associated to the (Ag) FCC phase. No precise identification of the phase 

could be done by XRD measurements because the volume fraction was too low. 

3.5.4.1 Electron backscattered diffraction (EBSD) 

The orientation image maps (OIM) and inverse pole figures (IPF) along the normal 

direction obtained from EBSD analyses of the 0Ag alloy are visible in Figure 2.6, together with 

the section of the orientation distribution functions (ODF) at φ2 = 45°. In the annealed state 

(Fig. 2.6a), the OIM shows that the grain shape is equiaxed, without twins being visible inside 

the grains. Moreover, different orientation components are present. Examining the inverse pole 

figure (Fig. 2.6d), the predominant orientations are (101), (212), (312), (211) and (311), while 

other orientations are present with a smaller incidence. If one looks at the orientation 

distribution function (Fig. 2.6g), the material shows a predominant Brass texture component 

(type {110}<112>). When the material is cold rolled at 10% (Fig. 2.6b), the grain shape and 

orientation components are modified. Looking at the IPF (Fig. 2.6e), the texture is clearly 

Figure 2.5 WDS elemental mapping of an Ag-rich particle: a) back-scattered electron image; b) Fe 
mapping; c) Mn mapping; d) Ag mapping. 
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different than in the annealed case. The predominant orientations are (212) and (312), while also 

the (001) orientation is present. The (111) component, which was observed in the annealed state, 

now appears to be absent. From the ODF (Fig. 2.6h), the predominant texture component is 

Rotated Brass (type {110}<111>), while a minor Cube component (type {001}<100>) is also 

present. The intensity of the R-Brass component is much higher than that of the Brass 

component observed after annealing. Increasing the deformation to 25% (CR25, Fig. 2.6c), the 

observed orientations change again. According to the IPF (Fig. 2.6f), the (111) and the (302) 

orientations are the predominant ones, while the (001) and (301) orientations are also present. 

Figure 2.6 EBSD results for the 0Ag alloy after cold rolling. a) orientation image map along the normal 
direction (OIM-z), CRA; b) OIM-z, CR10; c) OIM-z, CR25; d) inverse pole figure along the normal 

direction (IPF-z), CRA; e) IPF-z, CR10; f) IPF-z, CR25; g) orientation distribution function (ODF) at ϕ2 

= 45°, CRA; h) ODF at ϕ2 = 45°, CR10; i) ODF at ϕ2 = 45°, CR25. The legend for the ideal orientations in 
the ODFs is defined in Figure 6g. Figure 6d shows the entirety of the orientations that can be observed by 
an IPF. The color scales in figures 6d-f) describe the relative intensity of each detected orientation. The 
color scales in figures 6g-i) defines the intensity of each ideal orientation. The maximum intensity for each 
ODF is reported. 
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From the ODF (Fig. 2.6i), the texture is now predominantly Cube, while the Rotated Brass and 

Brass components are also present, albeit with a lower intensity. Overall, the component 

intensities for the CR25 are lower than in the case of the CR10 material, indicating that the 

material is less textured. 

The EBSD results along the normal direction for the 0.4Ag alloy, together with the ODF 

section at φ2 = 45°, are visible in Figure 2.7. In the annealed condition (Fig. 2.7a), grains have a 

smaller size if compared to the 0Ag CRA condition (Fig. 2.6a). From the IPF (Fig. 2.7d), several 

orientations are observed. The predominant orientations are (302) and (313). The (211) and (311) 

Figure 2.7 EBSD results for the 0.4Ag alloy after cold rolling. a) OIM-z, CRA; b) OIM-z, CR10; c) OIM-z, 

CR25; d) IPF-z, CRA; e) IPF-z, CR10; f) IPF-z, CR25; g) ODF at ϕ2 = 45°, CRA; h) ODF at ϕ2 = 45°, 

CR10; i) ODF at ϕ2 = 45°, CR25. The legend for the ideal orientations in the ODFs is defined in Figure 

7g. Figure 7d shows the entirety of the orientations that can be observed by an IPF. The color scales in 

figures 7d-f) describe the relative intensity of each detected orientation. The color scales in figures 7g-i) 

defines the intensity of each ideal orientation. The maximum intensity for each ODF is reported. 
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components are much less intense than in the case of the 0Ag alloy. From the ODF (Fig. 2.7g), 

the Rotated Copper component (type {112}<110>) is the predominant one, while the Cube, 

Rotated Brass and Copper (type {111}<110>) components are also present. The relative 

intensity is however fairly low, indicating that the material has a weak texture after annealing. 

Imposing a thickness reduction of 10% (Fig. 2.7b), no increase in grain size is observed. From 

the IPF (Fig. 2.7e), the same texture components as in the case of the annealed material are 

observed. Furthermore, the (211) orientation also appears. From the ODF (Fig. 2.7h), the Brass 

and rotated Brass textures are observed with low intensity, while also the Rotated Copper, 

Copper and Cube components are also present. This implies that the material remains weakly 

textured after a limited plastic deformation. For the CR25 condition (Fig. 2.7c), no clear 

conclusions can be drawn on the grain size and shape due to the poor pattern indexing, as 

described in section 2.3. It appears that the (101) and (313) orientation are the predominant ones 

(Fig. 2.7f), giving rise to clear material texturing. From the ODF (Fig. 2.7i), the material appears 

strongly textured around the Rotated Brass component, while the Brass and Rotated Copper 

components were also observed with low intensity. 

2.5.5 Transmission electron microscopy (TEM) 

The effect of the Ag presence on the inner structure of the alloys was investigated by using 

TEM techniques. In particular, Figure 2.8 shows a typical bright field image of the 0.4Ag sample 

in CRA condition (Fig. 2.8a) and the corresponding selected area electron diffraction (SAED) 

pattern (Fig. 2.8b). Two large twins are clearly visible in the image and the study of the SAED 

pattern has allowed to determine that twins forms on the {111} planes of the face centred cubic 

(FCC) austenitic phase. Indeed, the most intense diffraction spots of Figure 2.8b can be 

associated to the austenitic γ phase in [110] zone axis (blue cell). Because of the twinning on (1-

11) plane, the γ cell is rotated 180° about [1-11] direction giving rise to the green cell. Some other 

feeble diffraction spots are visible in the image and can be attributed to the presence of the 

orthorhombic (Fe,Mn)3C phase in [123] zone axis (red cell) [193]. Dark field TEM images 

obtained selecting these feeble diffraction spots (see inset Fig. 2.8a), have revealed that the 

(Fe,Mn)3C phase is present as nanometric precipitates distributed inside the austenitic γ phase. 

All the other extra diffraction spots are due to double diffraction phenomena. In order to 

investigate the effect of the deformation on the microstructure, TEM observations were also 

performed on the 0.4Ag sample in the CR25 condition. Analyses have revealed the presence of 
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only the FCC austenitic phase and an increase in the number of twins and nanotwins always 

formed on the {111} planes of the austenitic γ phase. Differently from X-ray measurements, 

TEM observations did not reveal the presence of the martensitic ɛ phase. Considering the local 

nature of the technique (only small portion of the sample can be analysed by TEM), this result 

suggests a probable non-homogeneous distribution of the ɛ phase. 

TEM observations carried out on the 0Ag sample in CRA condition, have showed neither 

the presence of twins nor the presence of (Fe,Mn)3C precipitates, as shown in figures 2.9a and 

2.9b. Only samples submitted to a large deformation have revealed features comparable with the 

0.4Ag sample in CRA condition. In particular, a typical TEM bright field image of the sample 

0Ag in CR25 condition and the corresponding SAED pattern are shown in Figure 2.9c and 2.9d, 

respectively. A large number of nanotwins formed on crossed {111}γ planes  is clearly visible. 

The diffraction pattern shows spots revealing the presence of the face centred cubic austenitic 

phase in [110] zone axis (blue cell), of nanotwins on (1-11)γ plane (green cell) and of the 

orthorhombic (Fe,Mn)3C phase in [123] zone axis (red cell), in complete agreement with the 

diffraction pattern of Figure 2.8b concerning the 0.4Ag sample in CRA condition. The only 

difference is due to the presence of diffraction streaks in the [1-11]γ direction due to the 

nanometric thickness of the twins present in this sample with respect the larger ones in the other 

sample. 

2.6 Discussion 

2.6.1 The influence of silver on mechanical properties 

2.6.1.1 Reduction of ductility 

As it can be observed in Figure 2.1, the presence of Ag decreases the ductility of the 

material, while the increase in strength is statistically insignificant. Moreover, from TEM analyses 

(Figures 2.8 and 2.9), it was observed that the 0.4Ag alloy in the annealed state still has a number 

of twins. As commonly found for TWIP steels [194,195], these mechanical twins are formed on 

the austenitic γ{111} planes. The presence of twins from the annealed state acts as a barrier to 

dislocation motion during plastic deformation [196]. Moreover, the progressive increase in twin 

density creates a higher number of barriers to dislocation motion (Dynamic Hall-Petch effect) 

at lower strains. 
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In addition to this, a fine network of (Fe,Mn)3C carbides is present in the 0.4Ag CRA 

Figure 2.8 Sample 0.4Ag in CRA condition: a) TEM bright field image showing large twins; b) 
corresponding selected area diffraction pattern. The blue cell identifies the austenite γ phase in [110] zone 
axis; the twinning on (1-11)γ plane gives rise to the green cell; the red cell is due to the orthorhombic 
(Fe,Mn)3C phase in [123] zone axis. The inset is a magnified dark field image of the sample obtained 
selecting the (1-21)θ diffraction spot. 

Figure 2.9 Sample 0Ag in CRA and CR25 conditions: a) TEM bright field image showing the austenitic 
grains; b) selected area diffraction pattern showing the presence of austenite; c) TEM bright field image 
showing nanotwins on crossed {111}γ planes; d) corresponding selected area diffraction pattern. The blue 
cell identifies the austenite γ phase in [110] zone axis; the green cell is due to twinning on (1-11)γ plane; 
the red cell can be associated to the orthorhombic (Fe,Mn)3C phase in [123] zone axis. 
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sample. The sample without silver (0Ag CRA) showed neither twins nor carbides. It can thus be 

inferred that the presence of Ag promotes the formation of carbides during annealing. 

Furthermore, carbon atoms are known to be the cause for the serrated plastic flow (or DSA) 

observed in TWIP steels [67]. The presence of carbides from the annealed state in the 0.4Ag 

alloy may indicate that the solid solution is saturated in C due to the Mn that migrated into solid 

solution with Ag (Fig. 2.8). This saturation in C can in turn lead to the presence of broader C 

atmospheres, causing earlier onset of DSA. 

On the other hand, the earlier onset of the dynamic Hall-Petch effect can cause a faster 

increase in dislocation density. This provokes a progressive reduction in the mean free path of 

dislocations, thus possibly resulting in failure at lower strains [66,197]. In addition to this, it was 

observed that mechanical twins were thicker in the case of the 0.4Ag alloy than for the 0Ag one. 

Moreover, the presence of ε at high strain levels prevents more effectively planar slip, since this 

HCP phase has a lower number of slip systems with respect to the FCC matrix. The combination 

of these observations can explain why the alloy with Ag has a significantly lower elongation to 

failure than the 0Ag alloy. 

2.6.1.2 Dynamic strain aging 

Concerning the different DSA behavior, as stated in section 2.1, the onset of DSA is 

moved to lower strains for the 0.4Ag alloy. In addition to this, it can be observed from Figure 

2.1 that DSA evolves in a different fashion for the two alloys. For the 0.4Ag alloy, pure type A 

serrations are the only observed DSA family, until the material fails. Looking at the stress-strain 

curve, type A serrations consist in a sudden increase in stress, followed by a sharp drop, for then 

resuming the regular stress-strain flow [9]. In the 0Ag alloy, type A serrations are visible up to ε 

= 45%. Above this threshold, type B serrations are present until failure. These serrations consist 

in quick and repeated oscillations around the average level of the stress-strain curve [9]. Type B 

serrations were already observed for a Fe-22Mn-0.6C steel tested at the same strain rate used in 

this work, although the onset for this behavior was at strains below 5 % [198]. Moreover, no 

type A serrations were observed in the Fe-22Mn-0.6C steel. The presence of type A serrations 

can be ascribed to the low SFE typical of TWIP steels, which limits the effectiveness of 

dislocation glide, as predicted by different models on SFE [8,199,200]. Because of the lower 

dislocation mean free path of the 0.4Ag alloy, together with the higher number of twins and the 
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formation of ε-martensite at high deformation, it can be supposed that type B serrations cannot 

be formed in the 0.4Ag alloy at high strain levels. 

If compared with other alloying elements added to Fe-Mn-C TWIP steels, it can be seen 

that the addition of Ag does not suppress the phenomenon of dynamic strain aging, unlike in 

the case of Fe-Mn-C-Al alloys [66]. Moreover, the promotion of twinning at lower deformation 

levels is opposite to what has been reported in the case of addition with Cu [201] and N [202]. 

2.6.2 Deformation texture 

EBSD results showed that the predominant texture components in the 0Ag alloy are as 

follows (CRA → CR10 → CR25): Brass → Rotated Brass → Cube. This texture variation in the 

alloy without Ag aligns with the typical behavior of TWIP steels, where the material shows a 

texture also in the recrystallized state [66]. The texture components are also those normally 

observed during deformation and recrystallization of TWIP steel [67]. 

Nonetheless, the predominant texture components in the 0.4Ag alloy are different (CRA 

→ CR10 → CR25): Rotated Copper → Brass → Rotated Brass. The rotated Copper texture 

component is not among those normally observed in recrystallized Fe-Mn-C TWIP steels [67], 

but was already observed in a Fe-Mn-Al-Si-Ni steel [203]. The explanation for the recrystallized 

Rotated Copper texture may lie in the different recrystallization behavior induced by the 

presence of Ag. In fact, TEM analyses showed the presence of twins for the 0.4Ag in the 

annealed state inside the {111} grains. It is argued that the presence of twins prevents the 

occurrence of multiple planar slip in the early stages of deformation [66,204]. This causes the 

activation of the sole {111}<110> slip system, which is responsible for the presence of the 

Copper texture. This may also justify the persistence of the Copper and rotated Copper 

components upon deformation, although with reduced intensity. On the other hand, the absence 

of twins in the 0Ag alloy promotes multiple slip, which can explain the preferential development 

of the Brass texture upon deformation. Further works are needed to investigate in detail the role 

of Ag in the recrystallization behavior of TWIP steels. 

2.6.3 Twin and ε-martensite formation 

As observed from XRD results (Fig. 2.3), the only phase detectable in the 0Ag alloy is 

austenite. On the other hand, for the 0.4Ag alloy, ε-martensite appeared starting from the CR25 

deformation condition.  
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SEM analyses showed the formation of mechanical twins in both alloys, although the onset 

for their formation is different. In the 0.4Ag alloy, twins are already present in the annealed state 

in a small fraction. In the 0Ag alloy, they start to form in the CR10 condition. TEM analyses 

showed that twins are formed on {111} planes of both alloys. In the case of the 0Ag alloy in the 

CR25 condition (Fig. 2.9), TEM analyses showed only nanometric twins in the form of 

intersected lamellae. Instead, for the 0Ag alloy in the annealed condition (Fig. 2.8), also thick 

twins were observed. 

ε-martensite, on the other hand, was formed only in the 0.4Ag alloy with a thickness 

reduction by cold rolling of at least 25%. If one looks at the texture evolution during 

deformation, this can be ascribed to the different components observed for the two alloys. It is 

known that the Copper and S texture components are favorable for developing ε-martensite, 

while the Brass and Goss components promote mechanical twinning [205]. Moreover, 

mechanical ε-martensite generates from mechanical twins on {111} planes [195]. Since the 0.4Ag 

alloy shows twins after annealing, they may serve as preferential nucleation sites during 

deformation. In addition to this, the 0.4Ag alloy has a Rotated Copper texture component 

present during the whole deformation process, together with a weak Copper component, which 

can explain why mechanical martensite is present only when Ag is added to the alloy. The 

absence of ε-martensite can indeed be ascribed to the predominant Brass texture observed after 

annealing and during deformation, together with the absence of the Rotated Copper and Copper 

texture components.  

Although no ε martensite was observed by TEM analyses, it may be hypothesized that ε-

martensite developed at high levels of deformation on preferential {111} planes embedding 

macroscopic Ag-rich particles. This can be ascribed to the important difference in lattice 

parameter between the Fe-Mn-C matrix and the Ag-rich second phases, which can give rise to 

stress concentration phenomena around the Ag-rich particles, thus locally favoring the 

appearance of ε-martensite at high deformation levels. This can be justified by literature data, 

showing that the lattice parameter for a Fe-22Mn-0.6C was estimated at 3.61 Å, while it was 

estimated at 3.60 Å for a Fe-13Mn-0.6C [206]. On the other hand, the lattice parameter of Ag-

Mn intermetallic compounds ranges from 4.086 Å for pure Ag to 4.040 Å for a Ag60Mn40 

compound [207,208].  
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2.6.4 Biodegradation behavior assessment 

This work did not assess the effect of Ag on the degradation behavior of the studied TWIP 

steel nor its influence on biological performances. However, it is recognized that the addition of 

Ag increases the degradation rate of Fe-based alloys [74,152]. Moreover, the biological safety of 

pure Fe and Fe-Mn alloys for cardiovascular applications was already reported in animal studies 

[60,138,184]. Furthermore, twinning-induced plasticity steels were shown not to be toxic against 

vascular cells in vitro [209], thus supporting the potential of such materials for use in degradable 

vascular implants.  

2.7 Conclusions 

This study investigated the effect that the addition of Ag has on the deformation 

mechanism of a TWIP steel. It was shown that the presence of silver decreases the ductility of 

the alloy, which can be attributed to the presence of twins from the annealed state, reducing the 

dislocation mean free path. A further reason for the decreased ductility is the development of 

mechanical ε-martensite during deformation, which was not observed in the 0Ag alloy. ε-

martensite developed starting from a thickness reduction of 25%. In addition to this, the 

modified DSA behavior observed for the 0.4Ag alloy can be ascribed to the presence of nano-

sized carbides from the annealed state. 

It can be supposed that martensite developed from specific twinning sites on γ{111} 

planes containing Ag-rich second phases, which are already present in the 0.4Ag alloy after 

annealing. A further reason for the development of martensite lies in the different deformation 

texture of the two alloys. The 0.4Ag alloy showed Copper-type texture components after 

annealing and during deformation, which are known to be favorable for the development of 

martensite versus mechanical twins. 

In view of applying this Fe-Mn-C-Ag alloy for cardiovascular stents, the mechanical 

properties far exceed the minimum recommended thresholds for strength and ductility. The 

understanding of the evolution of mechanical properties is fundamental to develop and optimize 

the extrusion and drawing processes necessary for manufacturing advanced stents. Furthermore, 

the knowledge about the phases that form during plastic deformation improves the ability to 

tune the corrosion behavior during service life.  
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3.1 Résumé 

Les aciers à plasticité induite par maclage (TWIP) ont des propriétés mécaniques 

excellentes pour des stents dégradables. L’ajout d’Ag peut donner une dégradation appropriée. 

Afin de développer un procédé de production optimisé il faut élucider l’effet de l’Ag sur le 

mécanisme de recristallisation des aciers TWIP. Dans ce travail, le mécanisme de recristallisation 

de deux aciers Fe-Mn-C avec et sans argent a été investigué. L’Ag a promu une microstructure 

plus fine avec une différente évolution de la texture, quand la cinétique de recristallisation a été 

inaffectée. De plus, la présence d’Ag a réduit l’efficacité du traitement de recristallisation, ce qui 

a été attribué à la présence de phases secondaires riches en Ag et à la formation préférentielle de 

grains {111} après traitement thermique. Cela peut donner lieu à un maclage prématurée, ce qui 

explique le rôle de l’Ag dans la réduction de ductilité des aciers TWIP. 
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3.2 Abstract 

Twinning-induced plasticity (TWIP) steels are considered excellent materials for 

manufacturing products requiring extremely high mechanical properties for various applications 

including thin medical devices, such as biodegradable intravascular stents. It is also proven that 

the addition of Ag, a known antibacterial element, can guarantee an appropriate degradation 

while implanted in human body without affecting its bioactive properties. In order to develop 

an optimized manufacturing process for thin stents, the effect of Ag on the recrystallization 

behavior of TWIP steels needs to be elucidated. This is of major importance, since 

manufacturing stents involves several intermediate recrystallization annealing treatments. In this 

work, the recrystallization mechanism of two Fe-Mn-C steels with and without Ag was 

thoroughly investigated by microstructural and mechanical analyses. It was observed that Ag 

promoted a finer microstructure with a different texture evolution, while the recrystallization 

kinetics resulted unaffected. The presence of Ag also reduced the effectiveness of the 

recrystallization treatment. This behavior was attributed to the presence of Ag-rich second phase 

particles and to the preferential development of grains possessing a {111} orientation upon 

thermal treatment. The prominence of {111} grains can also give rise to premature twinning, 

explaining the role of Ag in reducing the ductility of TWIP steels already observed in other 

works. These findings will allow the design of efficient treatments for supporting the 

transformation of Fe-Mn-C steels alloyed with Ag into commercial products. 
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3.3 Introduction 

Biomaterials for medical devices have saved or improved the life and its quality for millions 

of patients around the globe in the last decades. Biodegradable metals are a new class of metallic 

biomaterials that open new horizons for revolutionising advanced surgical treatments. For 

example, metallic biodegradable stents, temporary devices used to restore blood flow in 

obstructed vessels [1], are expected to dissolve into the body after 1 to 2 years from their 

implantation [2]. The first commercial vascular device was based on a Mg – rare earth element 

alloy, and was approved by the European regulatory agency in 2016 [3]. While this stent meets 

the requirements in terms of resorption in the human body and biological performances [4–6], 

its low mechanical properties limit device miniaturization and, as a consequence, its deliverability 

in smaller vessels [7,8]. To fill this gap and satisfy cerebral and pediatrics needs, the development 

of biodegradable alloys suitable to produce reduced strut thickness devices is urgently required.  

Twinning-induced plasticity (TWIP) steels, mainly composed of Fe, Mn and C, represent 

candidates of choice to manufacture small stents. This alloy family possesses equivalent 

mechanical properties to Co-Cr alloys [9,10] and their high amount of Mn stabilizes austenite at 

room temperature [11], whose paramagnetic behavior favors post-implantation imaging [2]. At 

the same time, the degradation behavior of such steels is inappropriate in the long-term: several 

in vitro and in vivo studies found that a stable corrosion layer is formed during the first weeks 

of implantation, reducing corrosion rate [12–14]. The addition of Ag to TWIP steels showed the 

ability to accelerate the short-term corrosion of these alloys [15–17]. In addition, the choice of 

Ag is of great interest because of its antibacterial properties [18]; furthermore, it was proven that 

Ag does not reduce the mechanical properties of TWIP steels below acceptable values [19,20]. 

In order for TWIP steels to be used as biodegradable stents, the material must be 

processed in the final shape through high plastic deformation processes, most commonly hot 

extrusion followed by cold drawing [21]. A recrystallization annealing treatment is normally 

performed after each drawing pass to restore the mechanical properties of the material. 

Successively, laser cutting and acid pickling are performed to obtain a stent from the drawn tubes 

and, after most of these steps, a further recrystallization annealing is again conducted. Finally, 

electropolishing is carried out to give the stent the final surface roughness, adequate for 

implantation. 
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It can thus be seen that recrystallization annealing treatments represent a critical step in 

manufacturing biodegradable stents. In fact, recrystallization of TWIP steels is in general a fast 

process, leading to nucleation of twin-free grains that grow over time [11,22]. When elements 

capable of forming second phases are added to TWIP steels, they impact significantly their 

recrystallization mechanism, as demonstrated in the case of V or Pd [23,24]. Ag is also known 

to form second phases in TWIP steels [19,20], potentially affecting their recrystallization 

behavior. This can have strong consequences for processing of small products like stents, 

including the need to adjust thermal treatments to ensure that the final product can be 

manufactured with the appropriate dimensional, microstructural and mechanical specifications. 

This work aims at understanding the impact of Ag on the recrystallization mechanism of a Fe-

Mn-C TWIP steel, and to assess its implications on plastic deformation processes. The 

recrystallization behavior of two biodegradable steels (one with and one without Ag) as a 

function of treatment temperature and time was assessed in terms of microhardness, 

microstructure and texture evolution. The steels produced during the work were cast and cold 

rolled in order to simulate the production process of a stent with a simplified laboratory setup. 

3.4 Materials and Methods 

3.4.1 Material preparation and processing 

Two alloys, with nominal composition Fe-16Mn-0.7C (wt. %) and Fe-16Mn-0.7C-0.4Ag 

(wt. %) and named 0Ag and 0.4Ag, respectively, were produced and processed as described 

elsewhere [210]. After hot rolling the cast billets at 800°C from a size of 12.5 mm down to plates 

of thickness 1.33 mm, thin sheets of both alloys were cold rolled imposing a 25% thickness 

reduction. This condition constituted the starting point for recrystallization annealing 

treatments. 

Coupons of 10 mm x 10 mm x 1 mm were cut from cold rolled sheets in order to 

understand the recrystallization behavior as a function of the annealing temperature. Each 

coupon underwent a thermal treatment of 10 minutes in a resistance furnace operating in air 

(Lenton AWF 13/25, UK) and a subsequent water quenching to freeze the microstructure and 

precisely stop the treatment time. The selected temperatures varied from 500°C to 950°C with 

a step of 50°C. 



 

75 

In order to evaluate the effect of the annealing time on the recrystallization behavior, other 

coupons of both alloys underwent thermal treatments at 700, 800 and 900°C for 2, 5, 10, 15, 20, 

30, 60 minutes, and subsequently water quenched. 

3.4.2 Characterization 

Before performing any analysis, all samples were mechanically polished with SiC abrasive 

papers up to 600 grit. Successively, fine polishing was performed with diamond paste of 3 µm 

and 1 µm. Final polishing was carried out with a 0.05 µm colloidal alumina suspension. 

The recrystallization curve was built by means of Vickers microhardness tests, using a load 

of 500 gf and a dwell time of 15 s on each sample (FM-810, Future-Tech Corp., Japan). The 

phases present in each alloy as a function of the recrystallization treatment were evaluated by X-

ray diffraction (XRD, SmartLab, Rigaku, Japan). XRD analyses were performed at a scanning 

rate of 3°/min in the range of 20 – 100° (stepsize 0.020°), using Cu Kα radiation (λ = 1.5406 Å) 

at 40 kV and 40 mA with a Bragg-Brentano geometry. Peak identification was performed using 

the SmartLab Studio II software (Rigaku, Japan).  

The microstructure of both alloys as a function of the thermal treatment was evaluated by 

scanning electron microscopy (SEM), using a field emission gun SEM (FEG-SEM, Sigma 500, 

Zeiss, Germany). Prior to observation, samples were chemically etched with the Picral reagent 

(4 g picric acid in 100 mL ethanol). The composition of second phases was evaluated by energy 

dispersion x-ray spectroscopy (EDS, Ultim Max, Oxford Instruments, UK). Electron 

backscattered diffraction (EBSD, C-Nano, Oxford Instruments, UK) was performed to assess 

the grain orientations and the evolution of texture components present inside the materials, 

before and after annealing at 800°C for 10 minutes. For EBSD analyses, in addition to the 

previously described polishing procedure, samples were polished with colloidal silica (0.05 µm) 

for 20 minutes and rinsed with deionized water for 10 minutes in order to avoid any surface 

contamination. The obtained data were analyzed with the Channel5 software (Oxford 

Instruments, UK). The indexing rate for the analyzed conditions was of at least 82% for the 

deformed samples and of at least 97% for the annealed samples. 

Finally, in order to validate the phases that precipitated during the various thermal 

treatments, a thermodynamic simulation of the amount of phases present at equilibrium as a 

function of temperature was carried out using the Thermocalc software using the TCFE9 
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database. However, since Ag is not available in the database, the calculation was carried out only 

for the 0Ag alloy. 

3.4.3 Statistical analyses 

All data are reported with standard deviation errors, with the exception of the 

recrystallized fraction components in figures 3.8 and 3.10. In figure 3.1, the error bars represent 

the uppermost and lowermost deviations from the average of each point. In order to estimate 

the statistical significance of differences in Vickers microhardness values, one-way ANOVA 

tests with Tukey’s post-hoc analysis was carried out using the Minitab18 software (Minitab Inc., 

USA). The differences were considered statistically significant if p < 0.05 at least. 

3.5 Results 

3.5.1 Vickers microhardness 

The results obtained from Vickers microhardness tests are reported in figure 3.1. The 

microhardness curve as a function of temperature for thermal treatments of 10 minutes (fig. 1a) 

showed that no sharp drop of hardness occurred for temperatures below 600°C, suggesting that 

no recrystallization takes place in this temperature range. Partial recrystallization occurred at 

600°C, as inferable from the drop in hardness, while full recrystallization appeared to be achieved 

for temperatures exceeding 650°C, as visible from the lower hardness plateau. Fig. 3.1a also 

suggests that the two investigated alloys feature a substantially similar recrystallization behaviour. 

The only difference lies in the lower plateau for the 0.4Ag alloy which is at higher microhardness 

values than the 0Ag alloy for almost all temperatures. 

Looking at the evolution of microhardness as a function of time for the 0Ag alloy (fig. 

3.1b), it could be seen that the treatment time had no effect in changing the alloy microhardness. 

This was attributed to the very fast recrystallization kinetics of TWIP steels, as already observed 

by other authors [132,211]. After 2 minutes of treatment, the microhardness values were 

comparable to those obtained after 10 minutes at all temperatures. A similar effect was detected 

for the 0.4Ag alloy (fig. 3.1c). Furthermore, a marked increase in microhardness was detected 

when keeping the sample at 900°C for at least 30 minutes. 
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Figure 3.1 Evolution of Vickers microhardness as a function of the thermal treatment parameters for the 

0Ag and 0.4Ag alloys: a) 0Ag and 0.4Ag after 10 minutes as a function of temperature; b) 0Ag at 700°C, 

800°C and 900°C as a function of time; c) 0.4Ag at 700°C, 800°C and 900°C as a function of time. 

3.5.2 Scanning electron microscopy 

The microstructure of the 0Ag alloy after the 10 minutes thermal treatments can be 

observed in figure 3.2. After cold rolling (fig. 3.2a), all grains presented significant twinning; 

moreover, their size and shape was relatively homogeneous. After a thermal treatment at 500°C 

(fig. 3.2b), it could be seen that the grains still presented significant twinning, indicating that no 

recrystallization had taken place. In addition, some bright second phases appeared at grain 

boundary; they were also visible when the alloy was treated at 600°C (fig. 3.2c). Even if the 

material was still largely composed of unrecrystallized grains showing significant twinning, some 

recrystallized grains started to appear as small nuclei. After the treatment at 700°C, almost all 

grains underwent recrystallization, as a very limited number of twins was still visible (fig. 3.2d), 

and the second phases, segregated at grain boundaries after the treatment at 600°C, had almost 

disappeared. Their full disappearance occurred after the treatment at 800°C (fig. 3.2e). In this 

case, the grains also showed no mechanical twins coming from the unrecrystallized state. Finally, 
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after a treatment at 900°C (fig. 3.2f), it could be seen that regions subjected to local plastic 

deformation were present inside the grains, possibly because of the severity of the quenching 

process. 

The microstructural evolution of the 0.4Ag alloy as a function of the treatment 

temperature is detailed in figure 3.3. After cold rolling, and prior to any thermal treatment, all 

grains showed twinning (fig. 3.3a) and Ag-rich particles (whose composition was assessed 

elsewhere [210]) were aligned along the rolling direction. After the thermal treatment at 500°C 

for 10 min, it could be seen that the grain structure was relatively unchanged, with twins still 

present inside the material (fig. 3.3b). As in the case of the 0Ag alloy, second phase particles 

precipitated along grain boundaries in a flake-like structure, composed by small needles radiating 

from the center of the particle, as visible in the higher magnification inset of figure 3.3b. After 

the treatment at 600°C, recrystallized grains started to appear (fig. 3.3c), as it happened for 0Ag 

alloy. Contrarily, unrecrystallized grains were still present, embedding twins at their interior, and 

the amount of second phase particles was reduced with respect to the case of the treatment at 

500°C. Moreover, the big Ag-rich particles retained the same shape and distribution from the 

unrecrystallized state. Increasing the treatment temperature up to 700°C, the second phase 

particles visible at 500°C (fig. 3.3b) almost disappeared (fig. 3.3d). However, it could be seen that 

the grain size was inhomogeneous inside the material, with some grains still presenting 

mechanical twins. The reduced grains dimension of 0.4Ag compared to that of 0Ag alloy, both 

treated at the same temperature, could explain the higher hardness value measured for the 0.4Ag 

alloy. After the treatment at 800°C, no precipitates were observed and twins were still present 

inside some grains (fig. 3.3e), indicating that recrystallization was not completely achieved, 

contrarily to the case of the 0Ag alloy. Finally, after the treatment at 900°C, the microstructure 

resembled closely the one observed in the case of the 0Ag alloy (fig. 3.3f). 

The nature of the second phase particles of the 0.4Ag alloy in both the as deformed state 

(CR25) and after a 500°C treatment (10 minutes) was studied by EDS element mapping (fig. 

3.4). In the CR25 state (fig. 3.4a-e) just one type of second phase was detected: Ag-rich particles 

containing traces of Fe and Mn. 
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Figure 3.2 SEM micrographs detailing the microstructural evolution of the 0Ag alloy as a function of the 
recrystallization temperature after a 10-minute treatment: a) deformed; b) 500°C; c) 600°C; d) 700°C; e) 
800°C; f) 900°C. 

After the 0.4Ag alloy underwent the thermal treatment at 500°C (fig. 3.4f-j), two families 

of second phase particles were observed, also visible in the microstructure of figure 3.3b, where 

Ag-rich particles and precipitates appeared segregated at grain boundaries. The Ag-rich particles 

had a similar composition to that observed prior to thermal treatments (fig. 3.4a-e). The 

precipitates at grain boundaries appeared to be depleted in Mn and Ag, while they were rich in 

Figure 3.3 SEM micrographs detailing the microstructural evolution of the 0.4Ag alloy as a function of the 
recrystallization temperature after a 10 minute treatment: a) deformed; b) 500°C; c) 600°C; d) 700°C; e) 
800°C; f) 900°C. 
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Fe and C: this could indicate the precipitation of iron carbides at low temperatures, which was 

not observed for treatments above 700°C. 

3.5.3 X-Ray Diffraction 

The measured spectra from XRD analyses as a function of the treatment temperature for 

both alloys can be found in figure 3.5. It could be seen that the only detected phase for the 0Ag 

alloys was austenite (γ), independently from the applied thermal treatment (fig. 3.5a). In addition, 

when the alloy containing Ag was considered (fig. 3.5b), a weak peak associated with the (111) 

plane of the face-centered cubic Ag phase also appeared in some conditions, depending on the 

local quantity of the phase. The Ag phase could be associated to the Ag-rich particles visible in 

figs. 3.2-4. No peaks associated to ε-martensite were detected, contrarily to a previous work 

[210], where ε-martensite was detected in the cold rolled condition. This could be due to a locally 

low amount of ε-martensite in the analyzed material, lower than the detection limit of the 

diffractometer. 

3.5.4 Thermodynamic modelling 

The phases formed in the 0Ag alloy as a function of temperature at equilibrium are plotted 

in figure 3.6. It can be observed that already starting from 745°C, Fe3C-type carbides (cementite) 

that then evolve into M23C6 at lower temperature are formed. Under strict equilibrium 

Figure 3.4 EDS elemental mapping of 0.4Ag alloy in the unrecrystallized state, when a-e) cold rolled 
(CR25) and f-j) treated at 500°C (500). 
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conditions, γ-Fe would progressively transform almost completely into α-Fe. This is apparently 

inconsistent with XRD and microstructural analyses indicating γ-austenite as the main matrix 

constituent. However, it can be considered that the investigated samples were analyzed after 

annealing at a fixed temperature and quenching. The rapid cooling tends to suppress the low-

temperature transformation, preserving larger amounts of the structure created during the 

annealing holding period. Furthermore, the γ-Fe to α-Fe transformation in high Mn steels is 

believed to be quite sluggish due to the action of Mn and C as γ-stabilizers [67]. The Thermo-

Calc simulation additionally allows to confirm that the tiny precipitates found at austenite grain 

boundaries can supposedly be carbides, either Fe3C or more generally of M23C6 type. 

Figure 3.5 XRD spectra of a) 0Ag and b) 0.4Ag alloys after different recrystallization treatments for 10 
minutes. 

Figure 3.6 Thermodynamic simulation of the phases present in the 0Ag alloy as a function of temperature. 
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3.5.5 Electron backscattered diffraction 

3.5.5.1 Ag-free alloy 

Figure 3.7 reports the orientation image maps (OIM) in the normal direction, inverse pole 

figure (IPF) in the normal direction and orientation distribution function (ODF) at φ2 = 45° for 

the 0Ag alloy before and after the treatment at 800°C for 10 minutes. After cold rolling, it could 

be seen that both deformation bands and mechanical twins were present inside the grains (fig. 

3.7a), whose size was not uniformly distributed. The observed orientations were evenly spread, 

as visible from figure 3.7b, where no clear texturing of the material is observed, as the maximum 

mean uniform deviation (MUD) of the strongest orientation component {101} was equal to 

1.75. On the contrary, when looking at the ODF (fig. 3.7c), it could be seen that the Rotated 

Goss {110}<110> texture component was the most present one. The Brass {110}<112> 

component was also present with a reduced intensity. The development of the Brass and Goss 

texture components upon deformation was commonly observed for TWIP steels [66,67], and it 

was an indication of twinning during plastic deformation.  

After annealing at 800°C for 10 minutes (figure 3.7d), no mechanical twins nor 

deformation bands were detected within the grains. The annealing at 800°C did not change the 

orientations distribution, as confirmed by the inverse pole figure (fig. 3.7e), showing no prevalent 

orientation and a maximum MUD of 1.94 along directions other than the normal one. Contrarily 

to the case of the deformed alloy, the most predominant texture component after annealing was 

the F component {111}<112> along the γ fiber at Φ = 55°. The Rotated Goss component was 

also very present, as in the case of the deformed material.  

The evolution of the recrystallized fraction and of the Schmid factor distribution in the 

0Ag alloy before and after the annealing treatment at 800°C for 10 minutes is visible in figure 

3.8. The Channel5 software recognized a grain as deformed when the internal average 

misorientation angle θ within the grain exceeded 15° (value defined by default). A grain was 

classed as substructured if θ < 15° but the misorientation between detected subgrains was above 

15°. All remaining grains were classified as recrystallized. From figures 3.8a-c, it could be seen 

that the material was almost entirely composed of unrecrystallized grains after cold rolling (either 

deformed or substructured), as one would expect. Similarly, the annealing treatment proved 

effective in recrystallizing the grains, with a recrystallized fraction above 93%. Moreover, it 

appeared from figures 3.8d-f) that the distribution of the Schmid factors in the analyzed regions 
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was not significantly affected by the recrystallization process. In addition to this, the vast majority 

of grains showed a Schmid factor above 0.4, indicating that no premature twinning occurred 

upon deformation of the recrystallized material [212]. 

3.5.5.2 Ag containing alloy 

Figure 3.9 shows the OIM, IPF and ODF at φ2 = 45° along the normal direction for the 

0.4Ag, before and after an annealing treatment at 800°C for 10 minutes. Before thermal 

treatment, several orientations were present inside the material (fig. 3.9a). Moreover, the grains 

appeared slightly elongated towards the rolling direction. The absence of a preferential crystalline 

orientation was confirmed by the IPF (fig. 3.9b), where the most present component, the {111} 

planes, had a MUD below 2. On the other hand, the ODF showed that several texture 

components were present inside the material: the most evident was the Brass {110}<112> one, 

together with an intermediate texture position between the Copper components and the γ fiber.  

After the annealing treatment, it could be seen that, also in this case, several orientations 

were present inside the material. Moreover, the grains appeared to be more equiaxed than in the 

Figure 3.7 EBSD maps (along the normal direction) of the 0Ag alloy in both cold rolled (CR25) and treated 
(800°C;10 min) (800) states. Orientation image map (CR25: a); 800:d)); inverse pole figure (IPF) (CR25:b); 
800:e)); orientation distribution function (ODF) at φ2 = 45° (CR25:c); 800:f). The map of orientations in 
the IPFs is described in figure 6b. The relative intensity of each orientation is represented by the color 
scale, detailed in the histogram in figures b,e) . The map of the ideal texture components for ODFs is 
detailed in figure 6c). 
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deformed state (fig. 3.9d). The absence of a preferential orientation was once again confirmed 

by the IPF (fig. 3.9e), where the MUD for the most present {111} orientation was of 1.53. The 

ODF (fig. 3.9f) highlights that several texture components developed during annealing, replacing 

the Brass component observed after cold rolling. The two main texture components were the 

Cube {001}<110> and the F {111}<112> ones associated to the γ fiber, together with the 

Copper {112}<111> and Rotated Copper {112}<110> ones. It can thus be inferred that the 

recrystallization mechanism was affected by the presence of Ag. 

The evolution of the recrystallized fraction and of the Schmid factor distribution in the 

0.4Ag alloy before and after the annealing treatment at 800°C for 10 minutes is visible in figure 

3.10. Before the thermal treatment, it could be seen that around 70% of the indexed grains θ > 

15° (fig. 3.10a, c), while the rest were indexed as substructured and, to a smaller extent, 

recrystallized. After the annealing treatment, contrarily to the case of the 0Ag alloy, less than 

20% of the grains was classed as recrystallized. Over 80% of the grains were indexed as 

substructured grains, indicating that most of the material had not undergone full recrystallization. 

Looking at the Schmid factor maps and distribution (fig. 3.10d-f), it could be seen that the 

Figure 3.8 EBSD data of 0Ag alloy in both cold rolled (CR25) and treated (800°C; 10 min) (800) states along 
the normal direction. Recrystallized fraction map (CR25:a); 800:b)) comparison of the recrystallized 
fractions in CR25 and 800 states c); Schmid factor map (CR25:d); 800:e); comparison of Schmid factors 
intensities in  CR25 and 800 states. 
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annealing treatment reduced the amount of grains having a Schmid factor lower than 0.4, while 

providing more grains with a Schmid factor higher than 0.4. Contrarily, the distribution of 

Schmid factor in the grains was broader than in the 0Ag alloy. 

3.6 Discussion 

It was observed that the addition of 0.4 wt. %. of Ag influenced the microstructure of a 

Fe-16Mn-0.7C TWIP steel after recrystallization annealing. The microstructural evolution of the 

two alloys was found significantly different. Nevertheless, the overall recrystallization kinetics 

was globally unaffected, since the microhardness evolution was very similar for both the alloys. 

3.6.1 Recrystallization kinetics 

The Vickers microhardness evolution (fig. 3.1) showed that the overall recrystallization 

kinetics was not affected by the presence of Ag. On the other hand, the recrystallized plateau 

was at higher values for the 0.4Ag alloy, demonstrating that Ag-rich particles did not play a role 

on the kinetics, as also shown by the evolution over time. This finding contrasts with other 

works, which showed that the addition of soluble elements to a Fe-Mn-C matrix altered the 

recrystallization kinetics [94,213]. 

Figure 3.9 EBSD maps of 0.4Ag in both cold rolled (CR25) and treated (800°C; 10 min) (800) states along 
the normal direction. OIM (CR25:a); 800:d)); IPF (CR25:b); 800: e)); ODF at φ2 = 45° (CR25: c); 800: f)). 
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Another important phenomenon to be considered and analyzed was the evolution of grain 

size and twinning as a function of the applied thermal treatments. It could be observed that the 

0Ag alloy had a bigger grain size before and after annealing with respect to the Ag-containing 

alloy, as one could also notice from figures 4.7 and 4.9. This phenomenon could be reconducted 

to the presence of the Ag-rich particles in transgranular positions, since they could hamper grain 

formation during thermal treatments. Such behavior was already observed by other authors in a 

Fe-Mn-C-Pd system [94], where Pd-rich particles precipitated inside grain boundaries and 

limited new grain nucleation and growth during annealing. This may also explain why the 

recrystallized fraction for the 0.4Ag alloy (fig. 3.10c) was significantly lower after annealing than 

the one observed for the 0Ag alloy considering the same condition (fig. 3.8c). 

An additional factor that played a role in reducing grain size of the 0.4Ag alloy after 

annealing was the precipitation of second phase particles, observed at low temperatures (fig. 3.2-

4). These precipitates appeared rich in Fe and C, and their stoichiometry can be reconducted to 

carbides (either Fe3C or M23C6), as determined by thermodynamic simulation (fig. 3.6). It is 

known that segregation of second phases at grain boundaries could obstacle the recrystallization 

Figure 3.10 EBSD data of 0.4Ag alloy in both cold rolled (CR25) and treated (800°C; 10 min) (800) states 
along the normal direction. Recrystallized fraction map (CR25: a); 800: b)); comparison of the 
recrystallized fractions in the CR25 and 800 states c); Schmid factor map (CR25: d); 800: e)) comparison 
of the Schmid factors intensities in CR25 and 800 states f). 
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process. Such precipitates appeared in higher amount for the 0.4Ag alloy heated between 500 

and 700°C. The precipitation of second phase particles was already observed by other authors 

in the case of prolonged thermal treatments on Fe-Mn-C alloys above 700°C [26, 29], limiting 

grain growth. On the contrary, the reason why such precipitates were preponderantly present 

when Ag was added is still unknown and requires further thermodynamic investigations, to 

understand their formation kinetics and the role of Ag in favoring this phenomenon. 

3.6.2 Texture evolution 

It is clearly visible from figures 3.7 and 3.9 that the two alloys show some differences in 

preferential orientations and texture evolutions during annealing. The texture components in the 

0Ag alloy changed during annealing at 800°C according to the following evolution (CR25 → 

800): (Rotated Goss + Brass) → (Rotated Goss + F). On the other hand, the 0.4Ag alloy showed 

the following texture evolution (CR25 → 800): (Brass + mixed Copper/γ fiber) → (Cube + 

Copper + γ fiber). In both cases, the Brass fiber was present in the deformed condition, which 

was typical of TWIP steels [66,67]. Moreover, as already observed by other authors, the texture 

evolution was relatively stable during the annealing process [211,214]. The presence of the Goss-

type components is also typical of TWIP steels [214,215].  

A noteworthy feature was the development of the γ-fiber during recrystallization in both 

alloys, which was already observed in an annealed state for a Fe-Mn-Al-Si TWIP steel [216]. On 

the contrary, the γ-fiber was also observed for heavily deformed TWIP steels by other authors 

[212,215,217]. In those cases, the development of the γ-fiber was related with the formation of 

shear bands at high levels of deformation, and they were considered preferential sites for 

recrystallization. In this work, no shear banding was detected in the cold rolled state (fig. 3.2a 

and 3.3a), while only mechanical twinning was observed. At the same time, a preferential {111} 

orientation was developed after recrystallization (fig. 7 and 9), which could explain the 

development of the γ-fiber during the recrystallization process. 

Another phenomenon that could be related with the development of the γ-fiber during 

recrystallization was the retainment of grains possessing a Schmid factor below 0.4 (fig. 3.8 and 

3.10). This occurrence was preponderant in the 0.4Ag alloy: comparing figure 3.9a,d and figure 

3.10d,e, it is clear that the grains with a lower Schmid factor were those possessing a {111} 

orientation, while the grains with a higher Schmid factor were those presenting a {101} 

orientation. The presence of grains with a low Schmid factor was associated with an earlier onset 
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of twinning during deformation by other authors [212]: this fact could definitively explain the 

role that Ag played in the ductility reduction of TWIP steels, as detected in previous works 

[73,210].  

3.6.3 Impact of recrystallization annealing on processing 

This work investigated the impact of Ag on recrystallization of a TWIP steel after cold 

rolling, which is a simplification of cold drawing, commonly used when manufacturing tubular 

precursors for stents [6]. Although the two processes differ in the distribution of applied forces 

generating plastic deformation [24], the impact of the second phases on recrystallization 

mechanism and microstructure are likely to affect the drawing processes required to thin the 

stent structure. It has been already reported that the presence of Ag impact the deformation 

mechanism of TWIP steels [210], and this has also be taken into account when designing thermal 

treatments. It was already demonstrated that tailoring recrystallization annealing treatments in 

TWIP steels can allow to finely tune grain size together with second phase size and shape, which 

in turn can alter processability and mechanical properties of final products [215,218,219]. 

Thermal treatments can also strongly impact texture evolution, which also affects the final 

microstructure and processability of TWIP steels into semi-finished products [215,220].  

3.7 Conclusions 

This work investigated the influence that Ag addition has on the recrystallization behavior 

of a Fe-16Mn-0.7C TWIP steel. The presence of Ag resulted in a harder material after 

recrystallization, due to a less effective recrystallization mechanism. Ag-rich second phase 

particles were identified as the cause for the lower efficacy of the annealing treatment, since they 

limited the growth of twin-free grains. In addition to this, the presence of Ag stimulated the 

development of more {111} grains upon recrystallization, which presented a lower Schmid 

factor and were more prone to twinning upon plastic deformation. This observation could also 

explain why the addition of Ag provided a reduction in ductility to TWIP steels, which could be 

detrimental to the deployment of a stent in a diseased artery. Post-process thermal treatments 

and the amount of Ag to be added to a Fe-Mn-C alloy for degradable stents should be carefully 

assessed in order to retain optimal processability characteristics, coupled with good corrosion 

behavior. Furthermore, in view of applying Fe-Mn-C-Ag steels for biodegradable stents, 

cytocompatibility and hemocompatibility should be thoroughly assessed. These findings will 
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contribute to the design of efficient treatments for supporting the transformation of TWIP steels 

alloyed with Ag into commercial products. 
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4.1 Résumé 

Les alliages de magnésium ont des propriétés mécaniques insuffisantes pour produire des 

stents aussi petits que ceux permanents. Les aciers à plasticité induite par maclage (TWIP), faits 

de Fe, Mn et C, ont un grand potentiel en termes de propriétés mécaniques, mais leur taux de 

corrosion est trop bas. L’ajout d’argent est très prometteur; cependant, l’effet de l’argent sur le 

mécanisme de corrosion, inclus à l’état déformé, reste méconnu. L’influence de l’argent sur le 

comportement à dégradation d’un acier TWIP a été étudié. L’argent n’a pas accéléré le taux de 

dégradation. En revanche, son ajout a promu une dégradation plus uniforme, ainsi indiquant le 

potentiel des aciers TWIP pour applications comme stents dégradables très minces.  
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4.2 Abstract 

Magnesium-based alloys have insufficient mechanical properties to make stents as thin as 

permanent ones. Twinning-induced plasticity steels, made of Fe, Mn, and C, show significant 

potential in terms of mechanical properties, but their corrosion rate is too slow. Addition of 

silver shows promise in this sense; However, the corrosion mechanism promoted by addition of 

Ag remains unclear. Moreover, the effect of plastic deformation on the corrosion mechanism is 

still unknown for this system. The effect of silver on the degradation behavior of a deformed 

twinning-induced plasticity steel has been studied. It was observed that Ag did not accelerate the 

corrosion rate. On the other hand, its addition promoted more uniform degradation, thus 

indicating the potential of twinning-induced plasticity steels for application in very thin 

biodegradable stents.  
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4.3 Introduction 

After the introduction of stenting in the late 1980s, followed by the use of drug-eluting 

stents, biodegradable metals have recently been considered the next revolution in the treatment 

of cardiovascular diseases [27]. Since 2016, a magnesium-based stent (Magmaris®, Biotronik) 

has been available on the European market [52] and has been shown to fully degrade in 12 

months after implantation [51]. Moreover, it is biologically safe in human patients [53,221,222]. 

On the other hand, compared with state-of-the-art Co- Cr-based devices, Magmaris has a 

structure with significantly larger dimensions. The smallest available strut thickness for Magmaris 

is 150 µm, while a comparable product based on Co-Cr alloys possesses a strut thickness as low 

as 60 µm [5]. This large strut size and diameter limits the number of clinical indications and has 

the potential to induce long- term dysfunctions [5]. 

Twinning-induced plasticity (TWIP) steels, composed of Fe, Mn, and C, possess 

mechanical properties similar to those of Co-Cr alloys [10,94], making them ideal candidates for 

the manufacture of small stents. Several studies have already proven the in vitro and in vivo 

biological safety of TWIP steels [70,159,160]. Regarding the corrosion behavior of such alloys, 

it is known that they are sensitive to chloride corrosion [87]. Since chloride ions are abundant in 

human plasma [18], this implies that TWIP steels could undergo corrosion inside the human 

body. In the overall arterial environment, chloride ions are one of several factors contributing 

to the corrosion of TWIP steels; others include cyclic loading due to the systolic–diastolic cycle, 

other metallic ions, and adsorption of organic species, including proteins [25]. On the other 

hand, the formation of a stable layer of degradation products after some weeks of corrosion has 

been reported by several authors [12,90], preventing full degradation of the device in animal tests 

[70]. 

A strategy that can be employed to enhance the degradation rate of TWIP steels is addition 

of further alloying elements. These elements may have higher or lower electrochemical potential 

with respect to the matrix, thus forming a galvanic couple. The most common approach is to 

add an element that is more noble than the matrix and soluble in it, such as Pd [12]. Such an 

element was successful in increasing the short-term corrosion [12], but did not prevent 

stabilization of the corrosion layer of the material in the long term [70]. Other elements, such as 

Cu, showed promise in preventing the formation of stable passive films in the long term [223]. 
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On the other hand, the efficiency of the galvanic couple for increasing the corrosion rate 

can be improved by adding insoluble elements to the alloy. Silver possesses a higher 

electrochemical potential with respect to both Fe and Mn, viz. + 0.800 V versus standard 

hydrogen electrode (SHE), compared with - 0.447 V versus SHE for pure Fe and - 1.185 V 

versus SHE for pure Mn [98]. Moreover, it is insoluble in both Fe and C, while it possesses 

limited solubility in Mn [145,192]. Several authors have found that addition of silver can enhance 

the in vitro degradation rate of pure iron [181], Fe-Mn alloys [191], and TWIP steels [74]. One 

of the main points missing from such evaluations of the corrosion behavior of TWIP steels is 

the effect of plastic deformation. It has already been observed that the degradation rate of Fe-

Mn alloys is significantly higher when plastically deformed in comparison with the annealed state 

[135]. The aim of the work presented herein is to clarify the combined effect of silver and plastic 

deformation on the degradation behavior of a twinning-induced plasticity steel that shows 

excellent mechanical properties [210]. 

4.4 Materials and Methods 

Two alloys, viz. Fe-16Mn-0.7C (FeMnC) and Fe-16Mn-0.7C-0.4Ag (FeMnCAg), were 

produced and processed as described elsewhere [210], being denoted 0Ag and 0.4Ag hereinafter. 

Four deformation states were produced after cold rolling and annealing: annealed (CRA), cold 

rolled with 10% thickness reduction (CR10), cold rolled with 25% thickness reduction (CR25), 

and cold rolled with 50% thick- ness reduction (CR50). In all cases, a final sheet thickness of 1 

mm was obtained. 

4.4.1 Static Immersion Tests 

Coupons with dimensions of 20 mm x 10 mm x 1 mm were cut from the rolled sheets. A 

2-mm- diameter hole was drilled in each sample to allow vertical positioning in static immersion 

tests. Prior to testing, the samples were mechanically ground with SiC papers up to 600 grit, 

followed by polishing with 3-µm and 1-µm diamond suspension. Final polishing was carried out 

using 0.05-µm alumina suspension. The samples were then immersed in anhydrous ethanol and 

cleaned ultrasonically for 10 min. Before testing, the samples were stored in a vacuum chamber 

to avoid any corrosion initiation. Five samples per each group were used, for a total of 40 

samples. 



 

95 

Static immersion tests were carried out following the ASTM G31/12a standard [224]. 

Hanks’ modified salt solution (HMSS) was chosen as the degradation medium, since it properly 

simulates the ionic composition of human plasma [18]. To prepare the solution, 9.5 g Hanks’ 

balanced salts (H1387, Sigma- Aldrich, Canada) was dissolved in 1400 mL Nanopure water. 

Successively, 14.16g 4-(2-hydroxyethyl)-1-piperazineethanesulfonic acid (HEPES, H3375; 

Sigma-Aldrich, Canada), 16.65g of HEPES sodium salt (H7006, Sigma-Aldrich, Canada), and 

3.30 g sodium bicarbonate (S8875, Sigma-Aldrich, Canada) were added to the mixture. The pH 

of the solution was then stabilized at 7.40 ± 0.05 by adding 1 M HCl solution. 

All glassware was sterilized in an autoclave prior to the start of the test. Moreover, the 

samples were sterilized by immersion in 70% vol ethanol solution for 5 min, as described 

elsewhere [225]. The samples were then hung from the bottle cap by means of a polyamide 

fishing line and immersed in 92 mL HMSS poured into a 100-mL bottle. The bottles containing 

the samples were placed in an incubator at 37 ± 1°C with CO2 partial pressure of 5% and relative 

humidity of 85%, to better reproduce the conditions found inside a human artery [90]. 

After 14 days of immersion, the samples were removed and cleaned ultrasonically with 

70% vol ethanol at 80 Hz to remove loose degradation products from the surface of the samples, 

as suggested by the ASTM G31/12a standard. The mass of the samples after immersion was 

then measured. This cleaning procedure was repeated three times, after which the weight reached 

an asymptotic value. The corrosion rate (CR, in mm/year) was calculated from mass loss 

measurements using Eq. 4.1: 

𝐶𝑅 =
𝑘𝑊

𝐴𝑡𝑑
 (4.1) 

where k is a constant equal to 87,600 mm h/ (cm year), W is the mass loss in g (rounded 

to the nearest 1 mg), A is the exposed area in cm2 (rounded to the nearest 0.01 cm2), t is the 

exposure time in hours (rounded to the nearest 0.01 h), and d is the density of the alloy in g/cm3. 

The samples were then kept in a vacuum chamber for further analyses. The 92 mL solution, 

including the suspended degradation products, was collected in 50-mL tubes and stored before 

other analyses. All suspended degradation products were collected in one 50-mL tube with the 

solution after immersion. The other tube contained solution without degradation products in 

suspension. 
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Scanning electron microscopy (SEM, SU-3500; Hitachi, Japan) was performed to observe 

the corroded surface and the degradation products (DPs) that remained attached to the surface. 

Furthermore, energy-dispersive x-ray spectroscopy (EDS) was carried out using a silicon drift 

detector (X-Maxn; Oxford Instruments, UK) mounted on the SEM. Elemental maps were 

obtained to determine the distribution of elements on the surface. All EDS data were processed 

using AztecHKL software (Oxford Instruments, UK). Finally, x-ray diffraction (XRD) analysis 

(D5000; Siemens, Germany) was performed to identify the degradation products attached to 

both alloys, using a Bragg-–Brentano geometry with Cu Ka radiation (k = 1.5406 Å). Scans were 

performed for 2 h in the range from 20° to 100° with a step size of 0.02° and step time of 1.2 s. 

Peak identification was performed using CrystalDiffract software (CrystalMaker Software, UK). 

Elements released into solution were quantified by microwave plasma atomic emission 

spectrometry (MP-AES, 4200 MP-AES; Agilent, USA). The tubes were shaken for 2 min prior 

to collecting aliquots for MP-AES analyses, in order to collect a homogeneous suspension of 

degradation products in solution. Before analysis, 3 mL of complete degradation medium for 

each sample (HMSS after degradation, including solid degradation products in suspension) was 

digested on a heated plate at 115°C with 3 mL HNO3 until 3 mL of solution remained, followed 

by digestion with 600 µL Nanopure H2O and 900 µL H2O2 30 vol.% When 3 mL of solution 

was obtained after the second step of digestion, this solution was diluted with 2 mL 1 vol.% 

HNO3 to obtain 5 mL of solution for analysis. 

4.4.2 Electrochemical tests 

Potentiodynamic polarization (PDP) and electrochemical impedance spectroscopy (EIS) 

tests were carried out to assess the electrochemical characteristics of the studied materials. For 

both tests, coupons with dimensions of 10 mm x 10 mm x 1 mm were cut from the rolled sheets. 

The samples were polished using the same procedure as applied for the static immersion tests. 

The electrochemical tests were carried out using a potentiostat/galvanostat (VersaStat 3; 

Princeton Applied Research, USA) in a three-electrode configuration with the sample as working 

electrode, saturated calomel electrode (SCE) reference electrode, and two graphite rods as 

counterelectrodes. HMSS was used as degradation medium, prepared in the same way as the 

electrolyte for the static immersion tests. The solution was kept at 37°C in ambient atmosphere 

using a thermostatic bath and a warm water recirculation system. 
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First, the open-circuit potential (OCP) was allowed to stabilize for 3600 s. After having 

determined the OCP, for PDP tests, a potential sweep was performed from - 0.35 V versus OCP 

to + 1 V versus the reference potential, with step height of 1 mV and step time of 6 s. The Tafel 

slopes for the anodic and cathodic parts of the polarization plot were calculated according to the 

ASTM G102-89 (2015) standard, in the region of 20 mV to 50 mV around the corrosion 

potential. On the other hand, for EIS tests, a frequency scan from 105 Hz to 10-2 Hz was 

performed using a potential amplitude of 10 mV around the OCP, recording 10 points per 

decade. Separate samples were used for PDP and EIS tests (n = 5 for each condition). 

4.4.3 Statistical analyses 

All errors are reported calculated standard deviations. On corrosion rate and elemental 

concentration plots, error bars represent the uppermost and lowermost deviation from the 

calculated aver- age. To test the statistical significance of observed differences, one-way analysis 

of variance (ANOVA) tests were performed, followed by post hoc Tukey tests (Minitab 18; 

Minitab Inc., USA). Differences were considered statistically significant for p< 0.05. 

4.5 Results 

4.5.1 Static immersion 

The evolution of the corrosion rate for both alloys as a function of the imposed plastic 

deformation is reported in Fig. 4.1. For FeMnC alloy, the corrosion rate is known to be a 

function of the amount of deformation imposed. When the deformation level is low (CR10, 

CR25), the corrosion rate was the lowest, but the corrosion rate increased when the imposed 

deformation was the highest (CR50). On the other hand, the corrosion rate was highest in the 

annealed condition (CRA). Considering the microstructure prior to corrosion (Fig. 4.2), the alloy 

presented more grain boundaries in the annealed case (Fig. 4.2a), which may act as preferential 

corrosion sites, thus increasing the corrosion rate. On the other hand, in the deformed condition, 

the grain size was larger (due to the prior hot-rolling treatment). Moreover, mechanical twinning 

was present when the alloy is deformed, the number of twins present inside the grains being 

proportional to the level of deformation imposed (Fig. 4.2b, c, and d). It can thus be inferred 

that grain boundaries are more sensitive to corrosion with respect to twins in the case of the 0Ag 

alloy. 
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Considering the alloy with added Ag, it was observed that the corrosion rate after 

immersion for 14 days was lower in almost all the deformation conditions. In addition, the 

amount of deformation imposed on the material had no effect on the corrosion rate. Considering 

the microstructure before corrosion (Fig. 4.2e, f, g, and h), it can be seen that the silver-

containing alloy had a significantly smaller grain size with respect to the silver-free one. The 

distribution of Ag-rich particles in all conditions can be seen in Fig. 4.3. 

Examining the surface of both alloys after corrosion (Fig. 4.4), it is observed that a 

discontinuous layer of degradation products formed for both alloys at all deformation levels. 

The degradation products showed cuboid shape and tended to cluster locally. Intergranular 

corrosion was observed in all cases, while dark holes could be seen across the surface of the 0Ag 

alloy in all the deformation conditions, especially in Fig. 4.4a, b, and c. This may be associated 

with localized pitting. Considering the alloy with added Ag (Fig. 4.4e, f, g, and h), the degradation 

products were still predominantly cuboids. On the other hand, small flakes were also present on 

top of the cuboids, which were not observed in the case of the silver-free alloy. No severe pits 

were detected, in contrast to the case of the 0Ag alloy. 

The nature of the degradation products can be understood from the EDS elemental maps 

shown in Fig. 4.5. Considering the alloy without silver (Fig. 4.5a, b, c, d, e, and f), it was observed 

that the degradation products were rich in oxygen, while they were depleted of iron with respect 

to the underlying material. Moreover, the distribution of carbon and manganese was 

homogeneous between the degradation products and the matrix. Finally, some calcium was 

Figure 4.1 Corrosion rate as function of imposed plastic deformation for 0Ag and 0.4Ag alloys, calculated 
from static immersion data. 
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present in the degradation products, indicating adsorption of ions from Hanks’ modified 

Figure 4.2 SEM micrographs of studied alloys before corrosion: (a) 0Ag CRA, (b) 0Ag CR10, (c) 0Ag CR25, 
(d) 0Ag CR50, (e) 0.4Ag CRA, (f) 0.4Ag CR10, (g) 0.4Ag CR25, and (h) 0.4Ag CR50. 
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solution. When silver was added to the alloy (Fig. 4.5- g, h, i, j, k, l, and m), it was seen that the 

cuboids had a similar composition. On the other hand, close inspection of the flakes found on 

top of the cuboids revealed that they contained iron. XRD results clarified the crystalline 

structure of the attached degradation products. Considering the alloy without Ag (Fig. 4.6a), two 

phases were detected: austenite, coming from the underlying matrix, and rhodochrosite 

(MnCO3). This is coherent with the EDS mapping results. By contrast, analysis of the alloy with 

added Ag (Fig. 4.6b) revealed the formation of a third phase, namely goethite (FeO∙OH), which 

may be associated with the small flakes formed on top of the corroded material. 

The amount of elements released into the complete medium is shown in Fig. 4.7, which 

reveals that the amount of Fe and Mn released into the complete medium was independent of 

the level of deformation imposed for both alloys. The release of Ag was below the detection 

limit (0.01 ppm) of the MP-AES device. Considering the differences between the alloys, it can 

be seen that no difference is present in the release of either Fe or Mn in the annealed condition. 

On the other hand, a significant difference in the release of Fe is observed between the CR25 

and CR50 conditions, while the release of Mn was significantly different in the CR10 condition. 

4.5.2 Electrochemical tests 

The Tafel plots obtained from the PDP tests on both alloys are shown in Fig. 4.8, while 

the electro- chemical parameters are presented in Table 4.1. Considering the 0Ag alloy (Fig. 4.8a), 

Figure 4.3 Backscattered electron SEM images of 0.4Ag alloy in various deformation conditions, 
highlighting the distribution of Ag-rich particles (bright spots): (a) CRA, (b) CR10, (c) CR25, and (d) 
CR50. 
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it can be seen that the Tafel plots at all the deformation levels showed a comparable shape, 

indicating an active material over the entire cathodic curve during the test. The calculated 

electrochemical parameters (Table 4.1) reveal that the corrosion potential was independent of 

the deformation level. On the other hand, the corrosion current density was influenced by the 

imposed deformation, causing the corrosion to be slowest in the annealed condition but faster 

when the alloy was deformed, independent of the deformation state. Considering the alloy with 

added Ag (Fig. 4.8b), the shape of the cathodic part of the curve varied as a function of the 

Figure 4.4 SEM micrographs of degraded surfaces after ultrasonic cleaning: (a) 0Ag CRA, (b) 0Ag CR10, 
(c) 0Ag CR25, d) 0Ag CR50, (e) 0.4Ag CRA, (f) 0.4Ag CR10, (g) 0.4Ag CR25, and (h) 0.4Ag CR50. 
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deformation: When the alloy was in the annealed state, the curve was that of a fully active 

material. On the other hand, the deformed states showed a more or less pronounced reduction 

in the corrosion current at around - 0.4 V versus SCE. The corrosion current density increased 

again at higher potential values. Based on the electrochemical parameters (Table 4.1), it can be 

Figure 4.5 EDS elemental mapping of degraded surfaces of 0Ag CRA and 0.4Ag CRA: (a) 0Ag CRA, SEM 
micrograph, (b) 0Ag CRA, Fe Ka, (c) 0Ag CRA, Mn Ka, (d) 0Ag CRA, C Ka, (e) 0Ag CRA, O Ka, (f) 0Ag 
CRA, Ca Ka, (g) 0.4Ag CRA, SEM micrograph, (h) 0.4Ag CRA, Fe Ka, (i) 0.4Ag CRA, Mn Ka, (j) 0.4Ag 
CRA, C Ka, (k) 0.4Ag CRA, O Ka, (l) 0.4Ag CRA, Ca Ka, and (m) 0.4Ag CRA, Ag La. 
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seen that the alloy with added Ag in the annealed state showed a comparable corrosion current 

density to the annealed alloy without Ag. This implies that their corrosion rates were similar. 

Moreover, plastic deformation did not affect the degradation rate. 

The results obtained from the EIS tests are reported in Fig. 4.8 and Table 4.1. For both 

alloys, the Nyquist plots show the formation of a porous passive layer, represented 

Figure 4.6 Indexed XRD spectra for (a) 0Ag and (b) 0.4Ag alloys in all deformation conditions. 
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electrochemically by a constant-phase element (CPE). In the low frequency region, an inductive 

loop is present in all conditions, indicating the adsorption of species from the solution onto the 

sample surface. This tendency in the electrochemical behavior may explain the formation of the 

porous layer at the longer times considered in the static immersion tests. More detailed 

inspection of the electrochemical circuit parameters (Table 4.1) reveals that no significant 

difference was observed for all the alloys. Moreover, the polarization resistance (Rp) of the alloy 

with added Ag showed a higher deviation with respect to that of the alloy without Ag, possibly 

due to the inhomogeneous distribution of Ag-rich particles in the studied alloy. 

4.6 Discussion 

This work assessed the effect of Ag and of plastic deformation on the corrosion behavior 

of a TWIP steel. It was observed that, overall, the presence of Ag did not accelerate the corrosion 

of the material in the short term, contrary to observations by other authors [71,74]. The reasons 

for this behavior may be ascribed to multiple factors. First, the methodologies used in this work 

differ from those applied previously, as other works focused only on electro- chemical analysis 

(PDP and/or EIS) over the very short term. This work also presented static immersion data, 

which were conducted only in one other study [72], which found outcomes similar those 

presented herein. In addition, different aggressive media were used in each study, which may 

significantly alter the degradation of Fe-based alloys and TWIP steels, as already observed 

elsewhere [18,69]. Second, all previous works studied alloys produced by powder metallurgy or 

Figure 4.7 Concentration profile of Fe and Mn released in Hanks’ modified salt solution after immersion, 
from MP-AES data. 
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additive manufacturing techniques. This work differs in focusing on cast and plastically 

deformed alloys. 

From the collected data, it appears that the microstructural characteristics of both alloys 

dominate their corrosion behavior in the short and medium term, in comparison with the 

presence of second phases. Moreover, there is a significant difference in the corrosion rate 

between the deformed and annealed states, at least for the alloy without Ag. 

4.6.1 Overall Corrosion Mechanism 

Examining the microstructural characteristics, it can be observed that, prior to corrosion, 

the alloy without Ag presented a larger grain size compared with the alloy with added Ag, 

independent of the amount of deformation imposed. After 14 days of immersion (Fig. 4.4), it 

was observed that pitting corrosion occurred at both transgranular and inter- granular sites. All 

deformation conditions showed severe pitting. On the other hand, for the alloy with added Ag, 

transgranular corrosion was the main mechanism observed, together with mild intergranular 

corrosion and intertwin corrosion. 

MP-AES analyses showed that both Fe and Mn were present in solution after corrosion. 

Moreover, the degradation products observed on the surface of the samples consisted of MnCO3 

for both alloys, while FeO∙OH was detected only for the Ag-rich alloy. The anodic half-

reactions, leading to the dissolution of both Fe and Mn, can be described by Eqs. 4.2a and 4.2b: 

𝐹𝑒 → 𝐹𝑒2+ + 2𝑒− (4.2a) 
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𝑀𝑛 → 𝑀𝑛2+ + 2𝑒− (4.2b) 

On the other hand, the presence of CO2 leads to the formation of carbonic acid in the 

aqueous medium, as described by Eq. 4.3: 

𝐶𝑂2 (𝑔) + 𝐻2𝑂 (𝑙) → 𝐻2𝐶𝑂3(𝑎𝑞) (4.3) 

Figure 4.8 Plots obtained from PDP and EIS tests for both alloys in all deformation conditions: (a) 0Ag, 
Tafel plots, (b) 0.4Ag, Tafel plots, (c) 0Ag, Nyquist plots, (d) 0.4Ag, Nyquist plots, (e) 0Ag, Bode frequency 
plots, and (f) 0.4Ag, Bode frequency plots. 
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Table 4.1 Electrochemical data from PDP and EIS tests on 0Ag and 0.4Ag alloys for all deformation 
conditions 

 PDP EIS 

Alloy Condition Ecorr (V) icorr (µA/cm2) CR (mm/year) Rs (Ω) Rp (Ω) Cdl (µF) 

0Ag 

CRA -0.71±0.01 17.65±1.62 0.20±0.02 155.15±8.24 961.85±112.00 19.87±5.30 

CR10 -0.71±0.02 33.75±6.46 0.38±0.07 148.81±3.96 970.60±88.13 17.38±2.20 

CR25 -0.70±0.02 28.69±8.11 0.32±0.09 151.36±7.34 1120.97±115.48 15.67±0.73 

CR50 -0.72±0.01 28.19±4.05 0.32±0.05 156.91±9.49 1175.38±143.40 19.06±2.94 

0.4Ag 

CRA -0.69±0.03 14.15±3.82 0.16±0.04 146.43±14.76 877.70±241.79 17.28±2.08 

CR10 -0.71±0.02 7.17±3.57 0.08±0.04 146.68±6.29 1041.88±362.17 19.82±3.89 

CR25 -0.73±0.01 6.06±2.30 0.07±0.03 150.24±10.51 1135.63±262.71 19.21±3.08 

CR50 -0.72±0.02 12.14±2.07 0.14±0.02 158.77±11.76 1031.93±220.01 18.36±2.75 

Carbonate ions can be reduced from carbonic acid according to the two following 

cathodic half- reactions: 

2𝐻2𝐶𝑂3 (𝑎𝑞) + 2𝑒− → 𝐻2 (𝑔) + 2𝐻𝐶𝑂3
− (𝑎𝑞) (4.4a) 

2𝐻𝐶𝑂3
− (𝑎𝑞) + 2𝑒− → 𝐻2 (𝑔) + 2𝐶𝑂3

2− (4.4b) 

Finally, the formation of MnCO3 is the result of the following overall reaction: 

𝑀𝑛2+ (𝑠) + 𝐶𝑂3
2− → 𝑀𝑛𝐶𝑂3 (𝑠) (4.5) 

On the other hand, the formation of goethite in the case of the Ag-rich alloy is governed 

by the cathodic half-reaction of oxygen dissolution (Eq. 4.6): 

𝑂2 + 2𝐻2𝑂 + 4𝑒− → 4𝑂𝐻− (4.6) 

Two successive product formations can occur, leading to the formation of iron 

oxyhydroxide according to Eqs. 5.7a and 5.7b. 

2𝐹𝑒2+ + 4𝑂𝐻− → 2𝐹𝑒𝑂 ∙ 2𝐻2𝑂 (4.7a) 

2𝐹𝑒𝑂 ∙ 2𝐻2𝑂 → 𝐻2 + 2𝐹𝑒𝑂 ∙ 𝑂𝐻 (4.7b) 

In addition, the formation of corrosion pits in the 0Ag alloy can be governed by the 

chloride ions attacking the surface, as described by other authors in the case of Fe-Mn alloys 

with a porous corrosion layer [11] (Eqs. 4.8a and 4.8b): 

𝐹𝑒2+ + 2𝐶𝑙− → 𝐹𝑒𝐶𝑙2 (4.8a) 
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𝐹𝑒𝐶𝑙2 + 𝐻2𝑂 → 𝐹𝑒(𝑂𝐻)2 + 𝐻𝐶𝑙 (4.8b) 

4.6.2 Influence of Deformation on the Corrosion Rate 

As mentioned above, both the static immersion and PDP tests showed that plastic 

deformation affected the corrosion rate of the silver-free alloy in the short term. Static 

immersion tests showed that the annealed material exhibited a higher corrosion rate than the 

deformed one. On the other hand, the PDP tests showed the opposite. Considering the alloy 

with added Ag, no influence of the deformation on the degradation rate was detected. This may 

be due to the different sites that are activated in the two tests, in addition to the intrinsic 

differences between the two techniques. 

The origin of the difference in degradation rate as a function of the deformation can be 

elucidated from the microstructural differences induced by cold rolling. The annealed 0Ag alloy 

showed a significantly smaller grain size with respect to the deformed case, because of the 

previously applied hot-rolling treatment. The deformed 0Ag alloy, on the other hand, showed a 

number of twins present inside the grains, being directly proportional to the amount of 

deformation imposed. It can be supposed that transgranular and intertwin corrosion were the 

first mechanisms to be activated in the short term, thus explaining the lower corrosion rate of 

the annealed alloy observed in the PDP tests. Going to longer times, relative to the static 

immersion tests, localized intergranular corrosion may be activated by the chloride attack 

described above. The severity of the attack then leads to the formation of pits at grain 

boundaries, as already observed by other authors [11,12]. 

This reasoning does not explain the corrosion behavior observed for the 0.4Ag alloy. The 

lack of influence of the deformation level on the corrosion rate may be explained by the uniform 

grain size in all conditions. On the other hand, the lower corrosion rate may be explained by an 

earlier development of the degradation layer. Since the surface forms a porous film afterwards, 

it can be supposed that this corrosion layer is unstable but prevents the onset of intergranular 

corrosion up to 14 days of immersion, thus preventing pitting corrosion. On the other hand, 

further tests are needed to fully elucidate the short-term influence of Ag on preventing pitting 

corrosion in the studied TWIP steel. 
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4.7 Conclusion 

The aim of this work is to understand how silver and plastic deformation affect the 

degradation behavior of a twinning-induced plasticity steel for biodegradable stents. The results 

show that addition of Ag slows down the degradation rate of the TWIP steel after 14 days. 

Moreover, it suppresses the effect of plastic deformation on the corrosion. This difference may 

be ascribed to an earlier formation of a layer of degradation products. On the other hand, the 

formation of a porous corrosion layer was absent after 14 days of immersion and prevented the 

formation of pits at grain boundaries. This indicates that addition of Ag contributes to a more 

uniform corrosion mechanism, which is desired in the case of high-strength materials for 

degradable stents. To further validate the conclusions drawn in this manuscript, degradation in 

more complex solutions including proteins should be assessed, together with long-term animal 

tests. 
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5.1 Résumé 

Les aciers TWIP offrent les meilleures propriétés mécaniques de de tous les matériaux 

biodégradables, ce qui permettrait de produire des stents beaucoup plus minces. Ces aciers 

forment en revanche une couche passive de phosphates pendant leur dégradation dans les 

animaux. L’ajout d’Ag est prometteur pour améliorer la dégradation à court terme, mais 

l’évolution du mécanisme de corrosion avec le temps est inconnue. La présence d’Ag a promu 

un couplage galvanique dans la première semaine d’immersion, mais cet effet a été supprimé par 

la formation d’une couche mixte carbonate/hydroxyde. Cette couche s’est partiellement 

détachée après deux mois et a été remplacée par une couche stable de phosphates, sur laquelle 

une nouvelle couche mixte s’est formée après 4 mois, en bloquant la dégradation. Cela démontre 

que les tests d’immersion peuvent être corrélés aux tests animaux uniquement s’ils ont une durée 

suffisamment longue. 
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5.2 Abstract 

Twinning-induced plasticity (TWIP) Fe-Mn-C steels are biodegradable metals with far 

superior mechanical properties to any biodegradable metal, including Mg alloys, used in 

commercially available devices. For this reason, the employ of Fe-Mn-C alloys to produce 

thinner and thinner implants can be exploited allowing to overcome the device size limitations 

that biodegradable stents still present. However, Fe-Mn steels are known to form a phosphates 

layer on their surface over long implantation times in animals, preventing device degradation in 

the required timeframe. The introduction of second phases in such alloys to promote galvanic 

coupling showed short-term promise, and particularly the use of Ag looked especially effective. 

Nonetheless, the evolution in corrosion mechanism of quaternary Fe-Mn-C-Ag alloys over time 

is unknown. This study aims at understanding how corrosion changes over time for a TWIP 

steel alloyed with Ag using a simple static immersion setup. The presence of Ag promoted some 

galvanic coupling just in the first week of immersion; this effect was then suppressed by 

formation of a mixed carbonate/hydroxide layer. This layer partly detached after 2 months, was 

replaced by a stable phosphate layer, over which a new carbonate/hydroxide formed after 4 

months, effectively hindering sample degradation. Attachment of phosphates to the surface 

matches 1-year outcomes from animal tests reported by other authors, but this phenomenon 

cannot be predicted using immersion up to 28 days. These results demonstrate that immersion 

tests of Fe-based degradable alloys relate to animal tests only when carried out for sufficiently 

long time, and that galvanic coupling with Ag is not a viable strategy at long term. Future works 

should focus more on surface modifications to modify the interfacial behavior rather than 

alloying in the bulk.  
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5.3 Introduction 

Biodegradable metals are seen as a pivotal innovation for treating cardiovascular diseases 

in young patients, with the earliest report dating from 2001 [60]. Such devices aim at total 

resorption inside the human body in 12-24 months [27]. Despite the efforts devoted to research 

in this field, only a Mg-based stent demonstrated to safely fulfill this requirement [51,53,187,222], 

receiving approval for commercialization from regulatory agencies in 2016 [52]. On the other 

hand, Mg alloys exhibit relatively poor mechanical properties respect to Co-Cr alloys used 

nowadays for most DES platforms [10], resulting in a device with a size 2 to 3 times larger than 

the latter. 

Pure Fe demonstrated superior mechanical properties in comparison with Mg-based alloys 

[15], but in vivo tests in animal models revealed that the resorption process is hindered by the 

formation of a stable layer of corrosion products [60,61]. Several Fe-based alloys were developed, 

mainly including Mn as alloying element to decrease the overall potential of the material, thus 

hypothetically resulting in a higher tendency to corrode [62,63]. Among these materials, Fe-Mn-

C twinning-induced plasticity (TWIP) steels show mechanical properties superior to those of 

Co-Cr alloys [10], thus having the potential of solving the size limitation of Mg-based stents and, 

consequently, enlarge their versatility in terms of applications. Other elements can also be 

included to favor galvanic coupling, having showed faster material dissolution in vitro [12,162]. 

Micro-alloying of a noble element as Ag to Fe-Mn-C alloy can result in better corrosion [74] 

without modifying mechanical properties of the material. However, the beneficial effect of Ag 

on corrosion behaviour of these alloys remains disputed [226]. 

Most studies on Fe-based alloys showed an increased corrosion and reduced 

electrochemical potential in vitro [127,189]. This should translate to faster material dissolution in 

animal models. However, when in vivo tests on such alloys were performed, device degradation 

did not show any difference with respect to the case of pure Fe [70,138]. For both pure Fe and 

Fe-Mn based alloys, it was found that a corrosion layer rich in phosphates is formed on top of 

materials surface after 1 year from implantation [61,138], which was rarely observed in in vitro 

tests, with some exceptions depending on the testing atmosphere [90,154]. Such laboratory tests 

in simplified setups most often involve either simple electrochemical tests including 

potentiodynamic polarization (PDP), static immersion tests on short durations (up to 28 days), 

or a combination of these two techniques. The use of long-term immersion tests is seldomly 
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reported: for a Fe-Mg2Si composite, the formation of phosphates was observed only after 50 

days of immersion, a much longer time span with respect to the 14-28 days normally considered 

[154]. In addition, a fundamental assumption of static immersion tests is the linearity of the 

corrosion process [224], which often does not correspond to the reality of a medical device 

degradation in a human body. 

Immersion tests longer than 28 days were never reported for biodegradable TWIP steels. 

This work aimed at fulfilling this knowledge gap by statically immersing such alloys up to 180 

days in a pseudo-physiological solution. In addition, the long-term effect of microalloying a 

TWIP steel with Ag was evaluated to validate whether this strategy is effectively advantageous 

for promoting device degradation. 

5.4 Materials and Methods 

5.4.1 Material preparation 

Two alloys, with nominal composition Fe-16Mn-0.7C (wt. %) and Fe-16Mn-0.7C-0.4Ag 

(wt. %), were produced and processed as described elsewhere [210]. In the present work, Fe-

16Mn-0.7C is shortened as 0Ag, and Fe-16Mn-0.7C-0.4Ag as 0.4Ag. Sheets of both materials 

were cold rolled with a thickness reduction of 25% (referred as CR25) to a final thickness of 1 

mm. Part of these sheets were annealed for 15 minutes at 800°C in a resistance furnace operating 

in air (Lenton AWF 13/25, UK), producing annealed plates (referred as CRA) after water 

quenching. Small coupons, with nominal dimensions 20 x 10 x 1 mm, were cut from the 

previously obtained sheets. Moreover, a 2 mm diameter hole was drilled at a distance of 2 mm 

from the short edges of the samples prior to testing. All samples were ground with SiC abrasive 

paper up to 600 grit, followed by mechanical polishing with diamond paste suspensions, having 

a particle size of 3 and 1 µm, respectively. Final polishing was performed with a colloidal alumina 

suspension of 0.05 µm. Prior to testing, samples were rinsed in an ultrasonic bath with anhydrous 

ethanol for 10 minutes and stored in a vacuum chamber before further use. 

5.4.2 Static immersion tests 

Static immersion tests were conducted on 4 polished samples per alloy (0Ag, 0.4Ag) and 

condition (CRA, CR25) at different time points (3, 7, 14, 28, 60, 120 and 180 days). The chosen 

degradation medium was Hanks’ modified salt solution (HMSS), since it properly simulates the 

ionic composition of human plasma [18]. Furthermore, the tests were carried out in an incubator 
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(37 °C, CO2 partial pressure at 5%, relative humidity of 70%) in order to better reproduce 

physiological conditions [130]. The medium was prepared by dissolving 9.5 g of Hanks’ balanced 

salts (H1387, Sigma-Aldrich, Canada) in 1.4 L of nanopure water. 14.16 g of HEPES acid (BP-

310-1, Fisher Scientific, USA), 16.65 g of HEPES sodium salt (BP-410-1, Fisher Scientific, USA) 

and 3.30 g of sodium bicarbonate (S8875, Sigma-Aldrich, Canada) were added as buffering 

agents and allowed to mix for 20 minutes with a magnetic stirring plate. The pH was buffered 

at 7.40±0.05 by adding a solution of HCl 0.1 M. The solution was then sterilized by filtering, 

under a biological hood, with a vacuum-driven filter in sterile bottles (pore size 0.22 µm; Sarstedt, 

Germany). 

Before starting the tests, 100 mL bottles were sterilized in an autoclave at 115 °C for 30 

minutes and allowed to dry in an oven at 37 °C. Nylon fishing wire was used to hang the samples 

inside the bottles; the wire was sterilized by immersion in anhydrous ethanol for 30 minutes. 

Moreover, the samples were sterilized by immersion in ethanol 70% vol. for 5 minutes [225]. 92 

mL of the prepared HMSS solution were used for each sample, according to the ASTM G31-

12a standard [224]. 

At each timepoint the samples were extracted from the solution and immediately 

immersed in sterile scintillation vials filled with anhydrous ethanol to stop the degradation 

process. The vials containing the samples were ultrasonicated for 5 minutes, after which the 

degradation products that detached from the surface (labelled DP-II) were collected in a Petri 

dish and stored under vacuum until further characterizations. The samples were then dried with 

compressed air and weighed with a precision balance. This procedure was repeated 2 more times 

or until the measured mass became asymptotic. After immersion tests, 15 mL of the supernatant 

degradation medium were picked up from the solution and collected for further analyses. The 

remaining medium solution, including also solid degradation products, was collected in 50 mL 

conical tubes and centrifuged at 3000 rpm for 10 minutes. The obtained supernatant degradation 

medium was discarded while 10 mL of ethanol 70% were added to the degradation products 

(generally referred as DPs). The tube was vortexed for 30 s and then centrifuged again at 3000 
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rpm for 10 minutes. The obtained supernatant ethanol was discarded. 5 mL of fresh ethanol 

70% were added before vortex the tube again for 30 s. Finally, the obtained degradation products 

(specifically referred as DP-I) were stored in a Petri dish for further analyses. 

5.4.3 Characterization 

Figure 5.1 reports an overview of the experimental design and summarizes the carried-out 

characterization techniques to analyse the samples after immersion test. 

5.4.3.1 Corroded samples 

Scanning electron microscopy (SEM, Hitachi SU-3500, Japan) was carried out on the 

surface of annealed samples after immersion at all timepoints. The samples were cut in half with 

a diamond blade in order to analyze the cross-section, together with the top surface. EDS 

elemental mapping (X-Maxn, Oxford Instruments, UK) was also performed in order to assess 

the elemental distribution in the degradation products that formed at the surface. For cross-

sectional analysis, the corroded samples were mounted vertically in epoxy resin and mechanically 

polished following the same procedure used for preparing samples prior to static immersion 

tests. All samples were metallized with an Au-Pd sputter prior to SEM (FEI Quanta 250, USA) 

and EDS line analyses with a 1 µm step size (EDAX Octane, AMETEK, USA). 

The structure of crystalline surface-attached degradation products was determined by x-

ray diffraction (XRD, Rigaku Smartlab, Japan). XRD analyses were performed at a scanning rate 

of 3°/min in the range of 10 – 100° (stepsize 0.020°), using Cu Kα radiation (λ = 1.5406 Å) at 

40 kV and 40 mA with a Bragg-Brentano geometry. Peak identification and indexation were 

carried out with the QualX software [227]. 

After static immersion tests, the electrochemical characteristics of corroded samples 

immersed on HMSS solution at different time points were evaluated by electrochemical 

impedance spectroscopy (EIS) using a potentiostat with a three-electrode cell setup (VersaSTAT 

Figure 5.1 Overview of the experimental design for this study 
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3, Princeton Applied Research, USA). HMSS was used as degradation medium, and it was 

prepared following the same procedure adopted for static immersion tests. The sample acted as 

working electrode, a saturated calomel electrode (SCE) was used as reference electrode, and two 

parallel graphite rods were used as counter electrodes. The open circuit potential (OCP) was 

recorded after 60 minutes of immersion in HMSS; successively, a frequency scan from 105 to 10-

2 Hz was performed, using an amplitude of 10 mV around the OCP and recording 10 points per 

decade. 

5.4.3.2 Waste solution 

The concentration of elements released in solution was assessed by microwave plasma 

atomic emission spectroscopy (MP-AES, Agilent 4200 MP-AES, USA). 3 mL of the collected 

supernatant for each sample were put in scintillation vials and heated with an oil bath up to 90 

°C, after which 3 mL of HNO3 (trace metal grade) were added to each vial. The bath was heated 

at 115 °C and the mixture allowed to evaporate until 3 mL remained. Successively, 600 µL of 

nanopure water and 900 µL of H2O2 30% vol. were added to each vial; the mixture was then 

allowed again to evaporate until 3 mL of solution remained. The obtained solution was finally 

diluted with HNO3 1% vol. to reach 10 mL to analyze.  

Degradation products (both DP-I and DP-II) were analyzed by attenuated total 

reflectance Fourier transform infrared spectroscopy (ATR-FTIR, Agilent Cary 660 FTIR, 

Agilent Technologies, MN, USA). Detection was assessed by a deutered L-alanine doped 

triglycine sulfate (DLa-TGS) detector and a Ge coated KBr beam slitter. Spectra were obtained 

in the range of 4000–400 cm−1 at room temperature. IR signals were collected in 64 scans at a 

resolution of 4 cm−1 and compared to a background spectrum recorded from an empty cell. 

Analyses of spectral data were carried out using Thermo Scientific GRAMS Suite (ThermoFisher 

Scientific) and Origin Pro 2020 to appropriate fit the spectra with linear combination of 

Gaussian lineshapes and the centroids determined from a second-derivate analysis. 

5.4.4 Statistical analyses 

All error bars in the figures represent the uppermost and lowermost deviation from the 

average. Statistical significance of the differences between groups was assessed by one-way 

ANOVA followed by post-hoc Tukey tests (Minitab 18, Minitab Inc., USA). Differences were 

considered statistically significant when p < 0.05 at least. 
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5.5 Results 

5.5.1 Corrosion rate and elemental release 

The evolution of corrosion rate (CR) as a function of immersion time for both 0Ag and 

0.4Ag alloys is reported in figure 5.2; both CR of the annealed (CRA) and deformed conditions 

(CR25) are shown. All states showed a similar trend in the corrosion rate. Up to 14 days, no 

significant differences in corrosion rate were observed with the lone exception of the 0Ag CR25 

condition: at 7 days its corrosion rate was significantly higher than that of the 0Ag CRA alloy (p 

< 0.01). This corrosion rate ranged between 0.120 and 0.200 mm/year. However, corrosion rate 

then decreased at 28 days, showing values of 0.080±0.005 mm/year without any statistically 

significant difference between all conditions. Corrosion rate finally decreased to near nil values 

at 60 days, remaining stable at 120 and 180 days. Contrarily to all other timepoints, a large error 

bar was visible at 60 days. This was possibly due to inhomogeneities in the layer of corrosion 

products formed on top of the surface, leading to a large oscillation in corrosion rate. This 

phenomenon was observed by SEM analyses, (figure 5.4) which will be detailed further on. 

Figure 5.3 shows the release of Fe and Mn from the material at different timepoints. Only 

the supernatant solution without solid degradation products (DPs) was used for MP-AES 

analyses. As a general observation, in both cases the amount of freely available Mn in solution 

was higher than the Fe one. Mn availability increased from 3 to 14 days of immersion to a 

maximum of 21±4 ppm for 0Ag and 17±1 ppm for 0.4Ag. It then decreased constantly from 

28 to 60 days, finally stabilizing at around 4 ppm after 120 and 180 days. Fe availability, on the 

contrary, was almost nil at all timepoints, with the exception of 7 and 60 days, when it reached 

a maximum of 2 ppm. The release of Ag was found to be below the detection limits of the 

machine at all times (< 1 ppb). This trend could be associated to a preferential release of Mn 

from the surface rather than Fe, which then recombined at the surface at 28 days and 60 days, 

forming a compact corrosion layer which prevented further release to occur. In addition, the 
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formation of a compact corrosion layer could be the reason why no further free Mn recombines 

at the surface.  

Figure 5.2 Evolution of corrosion rate over time for the 0Ag and 0.4Ag alloy in the annealed (CRA) and 
cold rolled with a 25% thickness reduction (CR25) states. 

Figure 5.3 Evolution of release of Fe and Mn over time from MP-AES analyses: a) 0Ag, b) 0.4Ag. 
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5.5.2 Scanning electron microscopy 

5.5.2.1 Corroded surfaces 

Figure 5.4 shows CRA 0Ag and 0.4Ag surfaces using the BSE mode at different 

timepoints.  0Ag microstructure was generally composed by equiaxed grains, with residual twins 

present in some of them. After 3 days of immersion, some minor corrosion at grain boundaries 

could be seen without any DP buildup s. At 7 days, some DPs started to form at grain boundaries 

in the form of flakes, visible as dark spots in 0Ag 7 days micrograph of Figure 5.4. Moreover, 

some general corrosion phenomena started to take place inside most grains. At 14 days, such 

dark flakes grew in size, while corrosion inside grains became more important. Interestingly, at 

28 days, most of the surface became covered with a porous corrosion layer, coming from 

clustering of the flakes that formed at 7 days and coarsened at 14 days. In addition, new spongy-

like DPs were visible on top of the previously build corrosion layer. However, some areas of the 

pristine surface were still exposed. This was no longer the case at 60 days, where a fully compact 

corrosion layer was visible. The same compact layer that formed in the earlier stages appeared 

to still be present, while a new layer of spheroidal DPs formed on top of it at some places. The 

same situation was found at 120 and 180 days, where filament-like clusters were formed on top 

of the spheroidal DPs. 

The DP layer overall evolution of 0.4Ag CRA appeared very similar the one already 

described. 0.4Ag CRA microstructure was mainly composed of equiaxed grains, albeit their 

average size was smaller than the CRA 0Ag one. In addition, bright particles corresponding to 

Ag-rich second phase were observed with a random distribution in the material. After 3 days, 

some corrosion started at grain boundaries. Moreover, black zones were observed around Ag-

rich particles, possibly signifying galvanic corrosion between the Fe-Mn-C matrix and the Ag-

rich second phases. At 7 days, formation of corrosion products started, in the form of irregular 

dark spots. The number of particles appeared to be higher than in the case of the 0Ag alloy. In 

fact, at 14 days, the small particles developed in larger cuboids that clustered together. It is 

interesting to note that Ag particles did not appear to be a preferential nucleation site for such 

cuboids, as DP-free areas were preferentially found around Ag inclusions. The situation at 28 

days was once again similar to 0Ag, with a relevant formation of DPs in shape of cuboids. These 

particles clustered together in a porous corrosion layer while a new flake-like DP layer formed 

on top of the previous one. The cuboid-formed layer covered completely the base surface after 
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60 days, while a spheroidal DPs layer appeared on the top of the previous one. The situation 

remained identical at 120 and 180 days, indicating an interruption of the corrosion process.  

Figure 5.5 reports EDS elemental maps of the surface of the 0Ag alloy after 14 and 60 

days of immersion. After 14 days, the formed cuboids were rich in Mn, C and O, while they 

were depleted in Fe. In addition, Ca appeared to be adsorbed on the surface in modest but not 

negligible quantity. After 60 days of immersion, the spheroidal DP layer appeared to be richer 

in Fe than the underlying one showing a higher content of P than at 28 days. 

When EDS maps of 0.4Ag were considered (Figure 5.6), once again, no major differences 

were noticed in comparison to 0Ag. The cuboids observed at 14 days were rich in O, C and Mn, 

Figure 5.4 BSE-SEM micrographs of the surface of the 0Ag (top) and 0.4Ag alloys (bottom) as a function 
of immersion time. 
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but not in Fe. Ag was not present in the cuboids. At 60 days, the spheroidal DPs showed a 

higher amount of Fe than the rest of the cuboid compact layer. Also in this case, P was present 

in the compact layer but not in the spheroids.  

5.5.2.2 Cross-sectional analysis 

Figure 5.7 reports cross-sectional images obtained by SEM for both alloys in the annealed 

condition at different time points. It must be noted that the cracks present on the surface came 

from the process of mounting the samples in thermosetting resin. Considering the 0Ag alloy 

first, it could be seen that at 3 and 7 days no DPs formed at the surface, in conformity with what 

was observed from surface images. A porous layer of corrosion products formed at 14 days, 

Figure 5.5 EDS element mapping of 0Ag in the annealed state after 14 (top) and 60 days (bottom) of 
immersion. 
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with DPs in the shape of a cuboids deposit on the surface, with a thickness of around 10 µm. In 

addition, corrosion appeared less uniform than at 3 and 7 days, with pits starting to form. The 

situation was similar after 28 days, where DPs further occupied the surface and they thickened 

to around 30 µm. Moreover, surface features caused by corrosion appeared in a less and less 

uniform way. At 60 days, the DP layer superposition became significantly different. No DPs in 

shape of cuboids were observed. Instead, a compact layer with a lower thickness appeared, which 

could be associated to the phosphate-rich layer that was observed by SEM and EDS on the top 

surface. The substrate underneath appeared relatively uniform, possibly relating to the 

detachment of a first layer of material comprising the cuboid DPs. Finally, after 120 and 180 

days, the corrosion layer grew up to a thickness of around 50 µm. The base material showed an 

Figure 5.6 EDS element mapping of the 0.4Ag alloy in the annealed state after 14 (top) and 60 days 
(bottom) of immersion. 
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increase of roughness due to severe localized corrosion phenomena. The DP layer, strongly 

attached to the substrate, reproduced the morphology of the substrate, despite its more or less 

uniform thickness. The 0.4Ag alloy presented in general a similar behavior; however, significant 

inhomogeneities in layer thickness were observed at 60 days as reported in figure 5.7, which 

could explain the large deviation in corrosion rate reported in figure 5.2. 

In order to analyze the compositional variations in the corrosion layer, EDS linear scans 

were taken for both alloys cross-sections at all timepoints, and the results are reported in figure 

5.8. For both 0Ag and 0.4Ag, trends of the corrosion layer evolution were found to be 

comparable. At 3 days, just Fe, Mn and C were detected in the matrix, while no evident corrosion 

Figure 5.7 Cross-sectional SEM micrographs of the 0Ag (top) and 0.4Ag alloys (bottom) as a function of 
immersion time. 
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layers were visible in correspondence of the material surface. At 7 days, while no corrosion layer 

was present in the 0Ag alloy, some precipitates were found on top of 0.4Ag sample surface. 

These particles were mainly composed by O and C with some Mn and a lower Fe amount than 

the matrix. This analysis was in accordance with outcomes of the top EDS maps, showing 

clusters rich in O and C but poor in Fe. At 14 days, the cuboid DPs showed to be very rich in 

O, with some Fe, Mn and C present. In addition, a small quantity of Ca was detected. A similar 

overall elemental distribution was found at 28 days. At 60 days, the most striking difference 

consisted in the detection of large quantities of P in the degradation layer, together with Fe, O 

Figure 5.8 EDS line-scans on the cross-section of corroded samples of 0Ag (top) and 0.4Ag alloys (bottom) 
as a function of immersion time. The white arrows in each part of the figure represent the line-scan 
position and direction. The color legend for all figures is at the top left: if a colour is absent, this indicates 
that the corresponding element was not detected. 
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and Ca, while Mn appeared to be in lower proportion with respect to previous timepoints. At 

120 days the overall content of P appeared lower than at 60 days, while a higher concentration 

of Mn was detected. Finally, after 180 days, phosphates were again present, especially for the 

0.4Ag alloy. 

5.5.3 X-ray diffraction 

X-ray diffraction results are reported in figure 5.9. For the 0Ag alloy (fig. 5.9a), both at 3 

and 7 days the only observed phase was austenite. At 14 days, in addition to austenite, also peaks 

of rhodochrosite (MnCO3) were detected. At 28 days, in addition to the already detected phases, 

also goethite (γ-FeO∙OH) was found. Surprisingly, at 60 days, only austenite was detected, 

although SEM analyses showed the presence of a corrosion layer rich in phosphates. This could 

be attributed to the amorphous nature of those phases [228] which do not allow their detection, 

in addition to partial breakage of the previously formed film, which could have reduced the 

content of rhodochrosite and goethite below the detection limit. At 120 days, rhodochrosite and 

goethite were present and, in addition, a small peak at 29° was found, possibly associated to 

lepidocrocite (α-FeO∙OH). No austenite was detected due to the thickness and compactness of 

the corrosion layer on top. At 180 days, only rhodochrosite and goethite were present. The 0.4Ag 

alloy presented a mostly similar behavior (fig. 5.9b). The only differences were observed at 120 

and 180 days: in this case, no lepidocrocite was detected at 120 days. Moreover, at 180 days, 

peaks associated to both lepidocrocite and hematite (Fe2O3) were observed.  

5.5.4 Fourier transform infrared spectroscopy 

Figure 5.10 reports the FT-IR spectra that were acquired for DPs collected from the 

exhausted solution for both CRA alloys (DP-I), and for DPs that detached from the material 

surface during ultrasonic cleaning (DP-II). DP-II for both alloys could not be analyzed at 3 and 

7 days because an insufficient amount of powders detached from the surface. This may indicate 

that the only products that formed at 3 and 7 days were weakly bound to the surface, which thus 

remained electrochemically active. 

If DP-I are considered for both alloys, peaks associated to the carbonate (CO3
2-), 

phosphate (PO4
3-) and hydroxide (OH-) functional groups were detected for each immersion 

duration. Phosphate peaks were the most intense at 3, 7 and 60 days, while carbonate and 

hydroxide peaks were in general weak for all the considered test durations. The situation for DP-
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II was relatively similar, although the intensity of all peaks was weaker than that of DP-I peaks, 

possibly due to the limited amount of DP-II powders available for the FT-IR analysis. The only 

difference was detected for the 0.4Ag alloy at 14 days, where a peak associated to the stretching 

of the C=O bond was observed, which could be associated to ongoing carbonate formation 

from carbonic acid formed as an intermediate compound. The presence of phosphate group in 

both DP typologies indicated that these compounds were characterized by low binding strength 

with the samples surface especially at short times (up to 28 days), as discussed in the following 

section. 

5.5.5 Electrochemical impedance spectroscopy 

Figure 5.11 reports the results obtained for EIS tests on corroded surfaces of both alloys 

in the annealed state at different timepoints. Firstly, after 3, 7, 14 and 60 days of immersion, the 

alloys showed a behavior that could be reconducted to the formation of a porous film on the 

sample surface, signifying incomplete passivation. Secondly, at 28, 120 and 180 days, both 

materials had a behavior that could be associated to a completely passivated material, which was 

completely different from the behavior of the material for shorter exposition times to the 

Figure 5.9 Indexed XRD spectra of the a) 0Ag and b) 0.4Ag alloys surfaces as a function of immersion 
time (legend of detected phases: γ: austenite; R: rhodochrosite; G: goethite; L: lepidocrocite; Ag: silver; 
H: hematite). 
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medium. The particular characteristics after 60 days of immersion could be explained by the 

removal of the first corrosion layer observed at 14 and 28 days, replaced by a new growing layer 

showing an inhomogeneous thickness. 

Nyquist plots for both 0Ag and 0.4Ag alloys (fig. 5.11 a,b) showed that, after 3, 7, 14 and 

60 days of immersion, the surface had the characteristics of a constant phase element (CPE), 

representing formation of a porous layer. In addition, some samples showed an induction loop 

at frequency values below 1 Hz, which could represent adsorption of CaCO3 from the solution, 

as detected from SEM images. These latter products were not detected by XRD, possibly 

because of the very low amount present on the surface. Looking at the Nyquist plots after 28 

days, the shape of the curve suggested the presence of a pure capacitor, representing a compact 

Figure 5.10 Indexed FT-IR spectra for both 0Ag and 0.4Ag alloys for degradation products collected from 
the exhausted solutions (DP-I) and that detached from sample surface during ultrasonic cleaning (DP-
II). 



 

129 

corrosion layer at the surface. Impedance reached much higher values than those obtained at 

short times. At 120 and 180 days of immersion, however, two different electrochemical 

characteristics were observed: At high frequency, a CPE was detected, while at lower frequency 

the Nyquist curves looked more like perfect capacitors, implying that two corrosion layers 

formed one on top of the other. First a porous corrosion layer, as detected after 60 day, 

reconducted to the thin phosphate-rich layer observed in figure 7; second, a compact corrosion 

Figure 5.11 Results from EIS analyses on 0Ag and 0.4Ag alloys after different immersion times: Nyquist 
plot, a) 0Ag, b) 0.4Ag; Bode plot as a function of the impedance module, c) 0Ag, d) 0.4Ag; Bode plot as a 
function of the phase angle, e) 0Ag, f) 0.4Ag. 
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layer formed, associated with the thick rhodochrosite and goethite layer observed by SEM and 

XRD. 

Bode plots, both as a function of absolute impedance (fig. 5.11 c-d) and of phase angle 

(fig. 11 e-f) supported the findings observed from Nyquist plots. Looking at the plots as a 

function of absolute impedance (fig. 5.11 c-d), the peak in absolute impedance is one order of 

magnitude lower at 3, 7, 14, 60 days with respect to 28, 120 and 180 days. This signified that 

polarization resistance of the former group was much lower than for the latter, implying that 

corrosion could proceed effectively at short term, while it was hampered at long term. It must 

always be noted that at 60 days, because of the breakdown of the previously formed film with 

formation of a new film that was very inhomogeneous, electrochemical characteristics resembled 

those at short term. These features were further confirmed by Bode phase angle plots (fig. 5.11 

e-f), showing a maximum phase shift at low frequencies for 28, 120 and 180 days, indicating that 

the stability of the corrosion layer on the surface was high. This implied that further corrosion 

of the substrate was unlikely to take place unless the layer suddenly broke. On the contrary, for 

3, 7, 14 and 60 days, the phase angle was maximum at medium frequencies and minimum at low 

frequencies, indicating that the surface was active and could undergo further corrosion. In the 

case of 60 days, this could be explained with the fact that the formed film was not stable enough 

to hinder substrate corrosion.  

5.6 Discussion 

Results showed that the addition of a small quantity of Ag did not provoke any relevant 

effect on corrosion behavior, As neither the corrosion rate or the formation pattern of 

degradation products were affected. On the contrary, corrosion behavior changed over the 

analyzed timescale, moving from an active surface at short term to passive characteristics with 

negligible corrosion rate at longer terms. 

5.6.1 Interfacial electrochemical reactions 

Corrosion mechanism of Fe-Mn alloys at short term (up to 28 days) is well known and 

reported by several authors [11,12,226]. The oxidation reactions for both Fe and Mn can be 

written as follows: 

𝑀 → 𝑀2+ + 2𝑒− (5.1)  
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where M can be either Fe or Mn. In the case of Fe, oxidation to Fe3+ was also 

reported[122,165,229]: 

𝐹𝑒2+ + 𝑒− → 𝐹𝑒3+ + 3𝑒− (5.2) 

The reduction reaction for Fe and Mn oxidation in aqueous CO2 rich environments 

consists in carbon dioxide evolution into carbonic acid, leading to formation of carbonate ions 

combining to form carbonates at the material’s interface: 

𝐶𝑂2(𝑔) + 𝐻2𝑂 (𝑙) → 𝐻2𝐶𝑂3(𝑎𝑞) (5.3) 

2𝐻2𝐶𝑂3 (𝑎𝑞) + 2𝑒− → 𝐻2 (𝑔) + 2𝐻𝐶𝑂3
− (𝑎𝑞) (5.4) 

2𝐻𝐶𝑂3
− (𝑎𝑞) + 2𝑒− → 𝐻2 (𝑔) + 2𝐶𝑂3

2−(𝑎𝑞) (5.5) 

𝑀2+ (𝑠) + 𝐶𝑂3
2−(𝑎𝑞) → 𝑀𝐶𝑂3 (𝑠) (5.6) 

In this specific case, it was observed that only MnCO3 is formed and not FeCO3. This can 

be justified by the preferential release of Mn in solution with respect to Fe, as highlighted in 

figure 2. The preferential release of Mn could be ascribed by its lower electrochemical potential 

with respect to that of Fe (-1.185 V and -0.447 V respectively versus the standard hydrogen 

electrode (SHE) [98]). Moreover, the preferential compound formation for Mn at physiological 

pH (7.4) could be drawn from its Pourbaix diagram in aqueous solution, where passivation is 

predicted for pH values above 7.0 [99]. Another study also showed that FeCO3 has poor stability 

in CO2-rich environments [230]. 

At 28 days formation of goethite was detected on top of the rhodochrosite layer, both by 

EDS (figures 5.4 and 5.5) and XRD analyses (figure 5.9). The electrochemical reactions occurring 

at the surface can be described as follows. First, the oxidation reaction can still be described by 

equation 1. In this case, however, the reduction reaction consists in the formation of hydroxide 

ions from the reaction between water and gaseous oxygen: 

𝑂2 (𝑔) + 2𝐻2𝑂 (𝑙) + 4𝑒− → 4𝑂𝐻−(𝑎𝑞) (5.7) 

Fe then combines with hydroxide ions to form goethite: 

2𝐹𝑒2+(𝑎𝑞) + 4𝑂𝐻−(𝑎𝑞) → 2𝐹𝑒𝑂 (𝑠) ∙ 2𝐻2𝑂 (𝑙) → 𝐻2(𝑔) + 2𝐹𝑒𝑂 ∙ 𝑂𝐻(𝑠) (5.8) 

Although FT-IR analyses (figure 5.10) revealed the presence of PO4
3- groups in both 

degradation products (DP-I, DP-II) after 3 days of immersion, however, phosphates were not 
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detected on corroded surfaces underlying the weaknesses (or low stability) of their binding with 

the samples surface. Phosphor comes from the solution, as it is present in the Hanks’ balanced 

salts as hydrogen phosphates (𝐻2𝑃𝑂4
−/𝐻𝑃𝑂4

2−) [18]. Formation of phosphate ions from 

hydrogen phosphates can be described by the following 2 equations: 

2𝐻2𝑃𝑂4
−(𝑎𝑞) + 𝑂2(𝑔) + 2𝑒− → 2𝑃𝑂4

3−(𝑎𝑞) + 2𝐻2𝑂 (𝑙) (5.9a) 

4𝐻𝑃𝑂4
−(𝑎𝑞) + 𝑂2(𝑔) + 4𝑒− → 4𝑃𝑂4

3−(𝑎𝑞) + 2𝐻2𝑂(𝑙) (5.9b) 

Depending on the oxidation state of metallic ions, especially in the case of Fe, two 

reactions can describe formation of metallic phosphates: 

3𝐹𝑒2+(𝑎𝑞) + 2𝑃𝑂4
3−(𝑎𝑞) → 𝐹𝑒3(𝑃𝑂4)2 (𝑠) (5.10a) 

𝐹𝑒3+(𝑎𝑞) + 𝑃𝑂4
3−(𝑎𝑞) → 𝐹𝑒𝑃𝑂4 (𝑠) (10b) 

Binding strength of such phosphates on the surface is low in the first stages of corrosion 

(up to 28 days) while it becomes higher at longer durations (from 60 to 180 days of immersion), 

as witnessed by attachment of phosphates detected by SEM analyses with EDS, both from top 

(figures 5.4, 5) and cross-sectional analyses (figure 5.8). This could be due to a change in local 

pH at the surface which favors stabilization of phosphates. 

At 120 and 180 days, especially in the case of the 0Ag alloy, XRD analyses detected 

formation of lepidocrocite (α-FeO∙OH, figure 5.9). In addition, hematite (Fe2O3) was detected 

in the 0.4Ag alloy at 180 days. Since the availability of free Fe remained constant throughout the 

corrosion process, it can be supposed that both lepidocrocite and hematite formed from 

recombination of previously formed goethite, as already described elsewhere [18]. 

One of the most peculiar features concerning the evolution in corrosion mechanism 

concerns the partial breakage of the stable layer detected at 28 days. This layer was first replaced 

by a thin phosphate layer on top of which a new layer grew, composed by rhodochrosite and 

goethite, together with lepidocrocite and, at 180 days, hematite. It was previously reported that 

dissolution of passive layers in chloride-rich solutions can be promoted by chloride attack, which 

locally destabilize the film by pitting, finally causing its detachment [231]. Since HMSS is also a 

chloride-rich solution closely mimicking the ionic composition of human plasma [18], it can be 

deducted that this mechanism can have taken place.  
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5.6.2 Overall corrosion mechanism from interfacial observations 

The overall corrosion mechanism can be synthesized as reported in figure 5.12 and 

described as follows. First, a standard redox reaction occurs at the surface, where oxidation of 

Fe and Mn is promoted by oxygen reduction. Fe and Mn will start to form unstable phosphates 

with the corresponding ions present in solution, as detected by FT-IR analyses. Secondly, starting 

from 7 days of immersion and up to 14 days, Mn ions reacted with surface carbonate ions, 

preferentially stimulating formation of rhodochrosite which attaches to the surface, forming a 

porous layer with low polarization resistance. This layer showed the electrochemical 

characteristics of a constant phase element, indicating that the material is partially active. This 

layer will grow until 28 days of immersion, leading to formation of a single electrochemically 

stable layer, modelled as a capacitor accordingly to EIS tests. Due to chloride attack from ions 

present in solution, this layer was partially broken and locally replaced by a thin layer of 

phosphates which gives rise to a CPE-like behavior because of its low thickness, although 

attached phosphates are known to be stable at longer test durations on Fe-based alloys [11,154]. 

A new layer of rhodochrosite, goethite and lepidocrocite developed on top of this newly formed 

phosphate layer at 120 days, which was found after 180 days. This layer was described by the 

lower frequency part of the curve in Nyquist plots, where, after a high frequency CPE-like curve 

modelling the phosphate layer, a fully capacitive behavior was observed. 

5.6.3 Role of Ag in corrosion 

All analyses carried out in this work showed that micro-alloying of a TWIP steel with Ag 

does not produce any appreciable effect on corrosion rate, as already anticipated. A previous 

study focussing on the electrochemical behavior of Fe-Mn-C-Ag alloys already showed that such 

lean alloying does not produce any effect on the electrochemistry of these steels, leading even to 

a reduced corrosion current density [226]. A similar trend in mass loss was already observed in 

the literature for tests up to 28 days in a similar solution [232], while other researchers saw that 

the presence of Ag reduced the corrosion resistance of TWIP steels from electrochemical tests 

[72,74]. After 3 days, SEM analyses (figure 5.4) showed that some voids appeared around Ag 

particles, indicating that galvanic coupling could effectively take place, as the difference in 

electrochemical potential between Ag and TWIP steels could suggest. Galvanic coupling effect 

could explain why more nuclei of DPs were observed at the surface at 7 days with respect to the 

0Ag alloy. However, the effect of galvanic coupling seemed to vanish after 14 days, where growth 
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of rhodochrosite nuclei was observed, leading to XRD detection of such phase (figure 5.9). It 

could be supposed that interfacial reaction between free Mn and carbonate ions dominated over 

galvanic corrosion, promoting a faster product formation with respect to matrix dissolution. 

Once the corrosion layer became stable, this provided a protective effect preventing dissolution 

of the matrix, effectively hindering galvanic coupling promoted by the addition of Ag. 

5.6.4 Correlation with in vivo studies 

One of the most current issues in testing of Fe-based biodegradable alloys consists in poor 

data correlation between in vitro and in vivo studies. Several factors take part in this inconvenient, 

such as necessary setup simplifications [233,234], solutions that do not fully reproduce whole 

blood [18,235,236], and reduced test duration [237]. Most studies that limited immersion times 

below 28 days did not report phosphate formation [12,69,74,147], while other studies did but 

only after at least 28 days of immersion [154,175,191]. In this study phosphate formation on the 

sample surface was detected only after 60 days of immersion by EDS analyses in addition to 

partial breakage of the previously formed carbonate/hydroxide film. In vivo tests similarly 

detected formation of phosphates when implants were removed from animals after 12 months 

or more from implantation [60,61,70,138], which was deducted to be the cause for non-

degradation of implants. One of the main conclusions that can be derived from this work is that 

Figure 5.12 Schematics of the evolution of corrosion mechanism for the studied TWIP steels. 
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simple immersion tests can be good predictors for long-term in vivo corrosion behavior, at the 

following conditions. First, appropriate solutions must be used, mimicking as much as possible 

the composition of blood. Second, test duration must be of at least 2 months in order to ensure 

to analyze the temporal window were phosphates form, ensuring that newly developed materials 

can counter this phenomenon. 

5.7 Conclusion 

This work investigated the effect of a small Ag amount on the long-term in vitro corrosion 

of a biodegradable TWIP steel. It was found that corrosion rate was steady at 0.15 mm/year for 

the first 14 days of immersion, for then being reduced below 0.10 mm/year at 28 days, leading 

finally to negligible rates after 60 days. No DPs were observed after 3 days, while rhodochrosite 

started to nucleate at 7 days, growing into a porous layer made of cuboids at 14 days which 

became nearly compact after 28 days, where also goethite precipitated. Stoppage of corrosion 

was attributed to formation of a stable phosphate layer, which partly replaced the first porous 

layer that formed, composed by rhodochrosite and goethite. After 120 days, a fully stable and 

passive two-layer structure was observed, with a phosphate layer underneath a 

carbonate/hydroxide layer. Ag promoted galvanic coupling at early stages of corrosion, while its 

effect was suppressed after only 14 days of immersion because of product formation reactions 

at the solution/material interface. Lean alloying with Ag to promote galvanic coupling should 

be avoided as strategy to favor corrosion, since it showed limited efficacy over longer times. 

Even with a thoroughly simplified setup, formation of phosphates was successfully monitored, 

showing correlation with phenomena observed in existing in vivo studies preventing full 

degradation of Fe-based implants. Further research should focus in developing strategies which 

modify the surface electrochemistry on the alloys, preventing formation of stable carbonates and 

phosphates at long term, thus potentially promoting sustained device degradation over the 

required lifespan. 
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6. General discussion 

This thesis was designed and developed with the aim of improving the corrosion behavior 

of TWIP steels by adding a small amount of Ag to the composition, with the hypothesis that 

galvanic coupling could be created between Ag-rich second phases and the Fe-Mn-C matrix. 

Thinking towards applying these alloys in an industrial scale production, casting and plastic 

deformation were retained for material production. This chapter first summarizes the 

experimental findings from this work in terms of microstructural, mechanical and corrosion 

properties. Successively, a critical discussion of such findings is provided in order to validate 

whether the Fe-Mn-C-Ag system is viable for thin biodegradable stents, also providing an 

outlook towards production of actual stents. Finally, the limitations of this work and of TWIP 

steels more in general are discussed. 

6.1 Summary and significance of the findings of this work 

The first challenge that was tackled in chapter 1 consisted in reviewing the state of the art 

in Fe-based degradable metals in order to assess current findings for identifying the 

shortcomings in previous works. The main limitation for biodegradable metals for stents lies in 

the vastly inferior mechanical properties with respect to Co-Cr alloys, preventing device 

miniaturization and limiting applicability. TWIP steels possess mechanical properties 

comparable to those of Co-Cr alloys. In order to improve corrosion, the strategy of promoting 

galvanic coupling by adding Ag was retained. 

The first question that was answered in this project lied in how the presence of Ag affected 

the deformation mechanism of the studied TWIP steel. This is one of the most important aspects 

for materials for stents, since they are plastically deformed when implanted [24]. While some 

authors studied Fe-Mn-C-Ag alloys and performed basic studies on their tensile properties, no 

studies were carried out for thoroughly understanding if and how Ag modifies the microstructure 

as a function of the amount of plastic deformation imposed. First of all, a successful production 

process for Fe-Mn-C-Ag alloys was developed, involving casting, thermal treatments, and a 

combination of hot and cold rolling to obtain thin sheets from cast billets. All previous works 

involved production of the material via powder-based techniques (either PM or AM) which do 

not reflect industrial practice. After recrystallization annealing, tensile properties of a specific Fe-

16Mn-0.7C alloy were found to be superior to those of L605 Co-Cr alloy. The addition of Ag 
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did not result in any improvement in yield and tensile strength, while it produced a lower 

elongation to failure, albeit still far superior to the requirements outlined in the introduction. 

Microstructural characterizations revealed that Ag actually impacts deformation mechanism in 

such a TWIP steel, moving from pure mechanical twinning to a combination of mechanical 

twinning and formation of mechanical martensite using a cold rolling thickness reduction of at 

least 25%. In addition, it was seen that texture evolution was modified by the presence of Ag.  

The second question that was tackled in this project consisted in understanding how the 

presence of Ag impacts the recrystallization kinetics and mechanism of the TWIP steel presented 

in this work, directly correlating with the processing aspects outlined in chapter 2. The pertinence 

of this question lies directly within processing of stents, as they are typically processed by a 

succession of cold drawing steps followed by recrystallization annealing. Microhardness showed 

that the presence of Ag did not impact the recrystallization curve; however, the full 

recrystallization plateau was at higher values than in the case of the Ag-free alloy. EBSD analyses 

also revealed that, although it looked like both alloys underwent full recrystallization at 

temperatures above 650°C, only the 0Ag alloy underwent full recrystallization at 800°C, while 

the 0.4Ag alloy mostly underwent recovery. Moreover, it was found that the distribution of 

Schmid factors is broader in the Ag-containing alloys. Lower Schmid factors, indicating that 

activation of slip systems occurs with more difficulty, were directly associated to {111} grains. 

Together with formation of martensite at high levels of plastic deformation, this observation can 

explain why the presence of Ag reduced the ductility in the alloy after recrystallization annealing, 

as found in chapter 2. Such findings can help design better processes once these alloys are 

transferred to industrial practice. 

After mechanical properties and processability, the most important property to assess for 

biodegradable metals is to validate that they effectively degrade. To do so, the first question to 

answer consists in assessing the electrochemical characteristics and the short-term degradation 

in vitro. Another important aspect in corrosion of biodegradable metals lies in the effect of plastic 

deformation since, as mentioned before, a stent works in a deformed state in the arteries. 

Electrochemical tests did not find any effect of plastic deformation on the electrochemical 

characteristics of the alloy, independently from the presence of Ag. The short-term corrosion 

mechanism consisted in the standard redox reactions leading to product formation, in this case 

rhodochrosite. In addition, adsorption of Ca on the surface was also observed. Moreover, 
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contrarily to what was expected and found in other works, the presence of Ag did not reduce 

corrosion resistance of the studied TWIP steel. 

An oft neglected aspect for biodegradable metals is that corrosion evolves over time. The 

large majority of in vitro studies limit themselves to at most 28 days of immersion, while the 

normal life span of a stent is between 1 and 2 years, as described in the introduction. This often 

leads to misjudging the suitability of some materials for use as biodegradable metals, potentially 

leading to poor investments in costly animal studies. To bridge this gap, long-term immersion 

tests, with times ranging from 3 days to 6 months, were performed. First, it was observed that 

no difference in corrosion rate was present between the Ag-free and Ag-containing alloys, 

further validating that Ag has no impact over the corrosion rate of TWIP steels. Secondly, while 

corrosion of such TWIP steels went on between 3 and 14 days of immersion, it slowed down 

after 28 days for finally stopping after 60 days of immersion. This was attributed to formation 

of a stable phosphate layer after 60 days of immersion, which was not present up to 28 days. 

Contrarily to most in vitro studies on Fe-based biodegradable alloys, this correlates rather well 

with findings coming from in vivo tests, where formation of phosphates was found to be the 

cause for incomplete device degradation. These findings suggest that strategies aimed at 

sustained corrosion of Fe-based biodegradable metals should focus on modifying the surface 

electrochemistry in order to prevent phosphate formation. 

6.2 Are Ag-alloyed TWIP steels viable candidates for thin 

cardiovascular degradable stents? 

6.2.1 Validation of the metallurgical platform 

From a metallurgical point of view, biodegradable metals should respect some minimal 

requirements in terms of tensile properties. Such requirements were outlined in section 1, and 

consist in having a YS above 200 MPa, an UTS above 300 MPa, an elongation to failure of at 

least 25% and an elastic modulus as high as possible. Validation of mechanical properties is 

rather straightforward, involving simple tensile tests that nonetheless must be performed. Most 

works found in literature showed the superiority of TWIP steels with respect to other candidate 

biodegradable metals [73,94], and this work further validates those findings. The inclusion of 

second phase particles mostly composed by Ag, as found in chapter 2, contributed to the 
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decrease in elongation to failure of the studied alloy. Similar results were found in another work 

[73].  

This decrease in ductility can be explained by the findings contained in chapters 2 and 3. 

First, the presence of fine carbides was detected in both works for the 0.4Ag alloy as a function 

of the annealing treatment. The presence of Ag resulted in preferential formation and increased 

stability of such carbides, which were found to have either a M3C or M23C6 structure from EDS 

analyses and thermodynamic simulations outlined in chapter 3. The effect of carbides on the 

reduction in elongation to failure was discussed in chapter 2, where their role in earlier onset of 

DSA was underlined. This earlier onset contributed to premature saturation of dislocation 

mobility, hence resulting in a reduced ductility. The second factor contributing to reduction in 

ductility was discovered in chapter 3, and directly correlates to the reduction in dislocation 

mobility just mentioned. Together with the reduced recrystallization effectiveness, it was 

discovered that the presence of Ag promoted formation of a higher ratio of grains with {111} 

orientation, which are the most favorable grains for developing mechanical twinning, as 

explained in chapter 1. In addition, those grains had the lower Schmid factor in the 0.4Ag alloy, 

which implies that dislocation gliding occurs with more difficulty. Combined with preferential 

formation of carbides, this can explain why the presence of Ag significantly reduced the 

elongation to failure of the here developed TWIP steel. 

The use of other alloying elements, including Pd and S, produced somewhat contrasting 

results, indicating that the presence of second phases did not reduce ductility of a TWIP steel 

[94,161,162]. This difference in behavior can be ascribed to multiple factors. First, most alloys 

developed by other groups have a much higher content of Mn, which improves stability of the 

γ phase versus ε martensite. Secondly, such elements are soluble in the Fe-Mn-C matrix, 

contrarily to Ag. This implies that the second phases that are formed come from thermal 

treatments that promote such a trend. Moreover, such second phases are much smaller than 

what was found in this work: this could create less stress concentration around them, preventing 

earlier onset of DSA and allowing dislocations to glide more freely. 

A more critical aspect in metallurgical validation lies in the assessment of processability of 

alloys through plastic deformation and recrystallization annealing, which also translates to the 

behavior in service of the device. In both chapters 2 and 3 the annealed material showed a variety 

of texture components, namely the γ fiber, Brass and Goss. In addition, no clearly predominant 
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grain orientations were detected, indicating that texturing of the material is weak. Such findings 

allow to conclude that, independently from the presence of Ag, the studied TWIP steel has good 

isotropy of mechanical properties, which is useful both for processing and stent deployment. 

After cold rolling, however, the presence of Ag promoted stronger texturing than in its absence. 

Moreover, the Copper texture component was more present, which directly correlates with the 

higher intensity of {111} grains detected in chapter 3, which in turn promoted stronger 

mechanical twinning. This resulted ultimately in the ductility reduction discussed above. 

Furthermore, the reduced recrystallization effectiveness observed in chapter 3 also suggests that 

additional care should be taken when processing the alloy containing Ag. 

6.2.2 The importance of long-term corrosion tests 

When it comes to biodegradable metals, one of the biggest challenges, if not the biggest 

one, lies in predicting their corrosion behavior and its evolution over time. The typical evaluation 

of this aspect is performed in three ways: 

1. Electrochemical behavior assessment 

2. Short-term immersion tests up to 28 days 

3. In vivo tests up to 1 year. 

Animal tests always constitute the last step in evaluation of corrosion behavior because of the 

time and resources required.  

One of the most important aspects in corrosion tests for biodegradable metals lies in the 

choice of corrosive medium. Four mediums are most commonly used, namely NaCl 0.9 M, 

phosphate buffered saline solution (PBS), Hanks’ balanced salt solution (either modified or not), 

and simulated body fluid (SBF). Such solutions reproduce more or less accurately the ionic 

composition of human plasma, as reported in table 0.2. As it can be seen, the solution that 

mimics the most closely our plasma is Hanks’ modified salt solution, which was retained for this 

work.  

Electrochemical analyses are often used because of testing rapidity with respect to static 

immersion or in vivo tests and can give good indications about the general corrosion rate of 

degradable metals and the reactions occurring at the surface, PDP and EIS tests being most 

commonly employed for these goals. These tests however use heavily simplified environments 

and do not consider the evolution of the same. Immersion tests, on the contrary, can better 
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elucidate the evolution in corrosion mechanism and the evolving environment, but care shall be 

taken concerning test times. This is especially important since corrosion of Fe-based 

biodegradable metals is not linear over time, thus making the use of multiple timepoints 

fundamental, as outlined in the ASTM F3268 standard. The more general ASTM G31 standard 

also outlines that static immersion tests at a single timepoint intrinsically assume linearity of the 

corrosion process. However, most papers limited testing time to 28 to 30 days at most 

[11,12,162,232] and/or using a single timepoint [69,90], which do not reflect the expected life 

cycle of a degradable stent. 

From the results discussed in chapters 4 and 5, it was clearly observed that the presence 

of Ag did not induce any benefit on the degradation of the studied TWIP steel. In chapter 5, it 

was shown that Ag did not modify the corrosion potential nor the current density of the alloy 

independently from the deformation state, while promoting the same surface reactions (porous 

film formation and adsorption of ions from the solution). The only detected difference between 

the two alloys was formation of goethite after 14 days of immersion for the 0.4Ag alloy, together 

with a different effect of deformation on static immersion degradation rate, which is in turn 

based on mass loss. This was associated to the smaller grain size of the Ag-containing alloy 

already observed in chapters 2 and 3, which could have led to predominance of intergranular 

corrosion in this case with respect to the Ag-free alloy, which was supposed to be weaker than 

localized corrosion on twins, observed to be predominant on the latter material.  

The findings discussed in chapter 5 appear however to tell a different story. At the same 

test duration (14 days), the corrosion rate for the 0Ag alloy is much lower than that reported in 

chapter 5, while that of the 0.4Ag alloy was comparable in both considered conditions. In 

addition, the reported standard deviations in corrosion rate for the 0Ag alloy are much larger in 

the works presented in chapter 4 in comparison to chapter 5. Two main factors can explain this 

difference. First, the solution used the works presented in chapter 4 was not sterilized, while that 

in chapter 5 was. It may be possible that some unwanted impurities present in the solution caused 

a faster corrosion. Second, the ultrasonic cleaning procedure adopted in chapter 4 slightly 

differed from that presented in chapter 5. In the former, the samples were left exposed to air for 

few minutes between extraction and ultrasonic cleaning, which may have destabilized some 

degradation products that attached to the surface, leading to a higher removal rate during 

ultrasonic cleaning, resulting in a higher corrosion rate. However, the differences between the 
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two works are limited to this point. The lack of effect of Ag on corrosion was clarified in chapter 

5, where no difference in corrosion rate was evidenced at all timepoints (3-180 days). In addition, 

plastic deformation did not show any effect on corrosion, as seen by the electrochemical tests in 

chapter 5 and static immersion tests in both chapters 4 and 5.  

One of the most interesting findings on corrosion mechanism can come from the analysis 

of exhausted solutions by MP-AES in both chapters 4 and 5. Such tests were carried out on the 

complete medium (including DPs) in chapter 4 while only the supernatant was analyzed in 

chapter 5. It can be seen that the concentration of Mn in solution after 14 days of immersion is 

very similar for both media, which can indicate that Mn released in solution is mainly unbound 

to other elements. On the contrary, the concentration of Fe is two orders of magnitude higher 

in the complete medium with respect to the supernatant. This could indicate the preference of 

Fe to bind to other elements in solution or atmosphere to form compounds that do not attach 

on the surface. Correlating these findings with FT-IR results shown in chapter 5, it could be 

deducted that DP-I are mostly Fe-based compounds that do not attach to the surface, such as 

FeCO3 and FePO4. Preferential stability of Mn compounds over Fe compounds can be justified 

by the Pourbaix diagrams of the two metals in aqueous solution [99], which predict passivation 

of Mn for a pH above 7, while passivation of Fe occurs only above pH 7.5. More stable 

compounds such as goethite attached only after 28 days of immersion for the Ag-free alloy, 

while they attached at 14 days for the Ag-containing alloy, as observed by XRD in both chapters 

4 and 5. This can indicate that the presence of Ag can produce local chemical changes in the 

corrosion layer which promote earlier attachment of Fe-based compounds, while not affecting 

the overall evolution of corrosion mechanism. 

6.2.3 The case for (not) adding Ag 

It was seen in chapters 2 and 3 that, although Ag produces a reduction in ductility of the 

studied TWIP steel, as also reported by other authors [73], mechanical properties are still 

superior to those of Co-Cr alloys, implying that stents as small as those can be produced. It was 

however seen that the presence of Ag reduces recrystallization effectiveness, which is a cause of 

concern for streamlining processing of stents. Chapters 4 and 5 showed that the long-standing 

problem of formation of phosphates over long degradation times was not resolved by the 

addition of Ag as hypothesized at the beginning of the thesis. Although Ag promoted galvanic 

coupling at the early stages of corrosion (3-7 days of immersion), it was seen that product 
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formation after 14 days inhibited this mechanism, leading to formation and attachment of 

phosphates on the surface of the material from 60 days of immersion. On top of phosphates a 

new layer of carbonates and hydroxides formed at longer times, as shown in chapter 5. Overall, 

although mechanical performances are still excellent, the use of Ag cannot be recommended for 

enhancing degradation of TWIP steels because its effect is limited over time and does not hinder 

surface passivation. 

6.3 From flat specimens to real stents 

The previous section outlined the limitations of Ag as additional element for improving 

corrosion of TWIP steels. This section discusses the passage from flat surfaces to three-

dimensional stents. 

6.3.1 The choice of a production process 

One of the biggest challenges of this work consisted in producing Fe-Mn-C-Ag alloys 

using casting, contrarily to literature reports using either PM or AM processes [71,73]. The choice 

of powders as starting material has the big advantage of ensuring easier and better mixing of Ag 

around the Fe-Mn-C matrix, since Ag is completely insoluble in it. In addition, Ag particle size 

could be tuned to have more micro-galvanic sites around the material, with the lower limit given 

by particle flowability in the case of AM processes. As explained in chapter 1, if the particle size 

is too low, it may not be melted by the scanning laser, leading to imperfections in the final piece. 

Results in chapters 2 and 3 showed that, by using a limited quantity of Ag (0.4% wt.), it is possible 

to achieve good particle distribution around the material by induction melting, which is most 

commonly used for production of industrial alloys. 

The use of powder-based processes can have the undeniable advantage of creating near-

net-shape products, especially in the case of AM. One of the biggest limitations of AM for 

producing stents lies in the size of the final device. At the current state of technology, a 

demonstrator made from 33 µm F75 powder (a Co-Cr alloy similar to L605) achieved a strut 

thickness of 230 µm [238], four times larger than the smallest commercial stent made from 

extrusion, drawing and laser cutting. The reason for such a large strut thickness was attributed 

to limitations in process resolution, where the minimal layer thickness is 20 µm with commercial 

AM machines. Another limitation of powder-based processes is porosity of the built parts, which 
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often requires post-process densification. Seen the very small size of the device, the presence of 

any porosity is unacceptable for ensuring proper reliability. 

Other alternative technologies have emerged, including electroforming. However, 

electrodeposition of Fe-Mn-C steels is still an open question in research even for flat surfaces, 

which makes the choice inappropriate. Finally, reports on stents produced from photo-

chemically etched flat sheets that were spot welded are present in the literature for Zn [239]. 

Such technology appears promising for reducing device cost. However, weldability should be 

validated for TWIP steels, and resistance of the welded spots should be verified. 

6.3.2 Production of minitube prototypes 

Beyond the works reported in chapters 2-5, this work also explored machinability of the 

Ag-free TWIP steel and the possibility of producing minitubes from such a process. These 

minitubes can be considered stent precursors, onto which laser cutting can be applied to obtain 

a final device. These results were achieved through a partnership with AMEC Usinage Inc. and 

proved the feasibility of machining small tubes. Starting from billets with a diameter of 5 cm and 

a length of 18 cm obtained from the larger cast billets described in the introduction and chapter 

2, minitubes were machined by drilling a 5 mm hole in the center of such billets, for then turning 

the exterior of the billet up to a 100 µm wall thickness. After preliminary tests on billets with a 

length of 5 cm, a lot of 23 10 cm long minitubes with very small deviation from the nominal 

dimensions were obtained. A further test allowed to obtain a precursor with a wall thickness as 

small as 50 µm, even smaller than commercially produced stents. An example of such minitubes 

is reported in figure 6.1.  

6.4 Limitations 

6.4.1 Limitations of this work 

This work focussed on the development of a metallurgical platform based on TWIP steels 

for biodegradable stents, investigating in depth the metallurgical and corrosion behavior and 

processability of an Ag-alloyed TWIP steel. However, several aspects on validation of such a 

platform were not examined in this thesis. 

The first and most evident aspect lies in the lack of biological data. It is evident that, before 

performing any animal test, validation on both cytocompatibility and hemocompatibility of the 
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studied TWIP steel shall be carried out. In order to do so, cell lines relevant to the considered 

application must be used, in this case human ECs and SMCs. Hemocompatibility assessment 

tests should validate that human blood does not tend to form thrombi on the material nor 

activates the release of free hemoglobin. Preliminary tests on the developed alloys (not shown 

here) highlighted that the presence of Ag does not cause any adverse effect on both 

cytocompatibility and hemocompatibility of the studied TWIP steel. Hemocompatibility was 

comparable to that of 316L, while acute cytotoxicity was reported towards ECs. This is a known 

effect due to the accumulation of insoluble DPs during cytotoxicity tests which cause a bias on 

the results [122,123].  

Successively, no dynamic corrosion tests were performed. Such tests are more relevant 

because they remove loose DPs from the surface thanks to fluid flow [233]. However, the results 

obtained in chapter 5 correlated pretty well to in vivo tests in terms of formation of passive layers 

over time, indicating that the use of static immersion tests can suffice at the condition of using 

the appropriate timepoints and going beyond the first month of immersion. 

A final aspect that was not treated in this thesis consists in the post-processing steps for 

moving from flat samples to cut and polished stents. As presented in the introduction, once 

minitubes are produced, laser cutting and electropolishing are performed to obtain the final 

device. Laser cutting tests performed in other works are encouraging towards obtention of a 

stent made from TWIP steels [6,240]. The development of an electropolishing procedure is 

however an unsolved challenge for TWIP steel stents and shall be addressed in future works. 

Some reports are currently available concerning electropolishing of flat specimens [195], 

Figure 6.1 Minitube prototypes produced in this work. 
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implying that transfer of such technique could be obtained, but care should be used for obtaining 

reproducible results on a complex geometry such as that of a stent. 

6.4.2 Limitations of TWIP steels for cardiovascular stents 

This work highlighted and validated the potential of TWIP steels for cardiovascular stents 

in terms of mechanical properties and processability. It however demonstrated that the 

modification of corrosion mechanism is still an unsolved challenge. The use of Ag, although 

promoting galvanic coupling at early stages of corrosion, did not prevent passivation of the 

material after at least 60 days of immersion, similarly to what was observed by in vivo tests on Fe-

Mn alloys and Fe-Mn-C steels [70,138]. Similar conclusions could be drawn when other noble 

elements were added to a Fe-Mn-C matrix, especially in the case of Pd. The corrosion behavior 

of Fe-Mn-C-Pd steels was good after 28 days in vitro tests [12], but animal studies showed that 

an implant made from such a material did not degrade after 12 months due to the presence of 

phosphates on the surface [70]. Other works also showed very recently that the addition of Ag 

does not affect corrosion at 28 days or longer [232], including a report on animal tests [241]. 

One of the biggest causes for concern observed in this latter report comes from the detection 

of H2 bubbles on the surface of a Fe-35Mn-1Ag implant, which was attributed to inflammatory 

responses locally lowering the pH. The released amount of H2 was however much lower than 

what was detected for a Mg-based implant, suggesting that chronic cytotoxicity should not be a 

major cause for concern. 

Other in vitro works on acute cytocompatibility showed that the presence of Fe-based 

insoluble DPs causes oxidative stress in ECs, which in turn leads to acute cytotoxicity [123,124]. 

This was especially detected for hydroxide species that bind with Fe3+ ions released from the 

surface [124,125], which was also hypothesized to occur for the alloys studied in this work. 

Accurate biological characterizations are necessary to assess whether the possible cytotoxic 

effect of Fe-based alloys is limited to the acute inflammation period, in which case it should not 

be a major cause for concern. However, if it was discovered that Fe-based alloys produce chronic 

cytotoxicity in cardiovascular environments, major reflections shall be undertaken to reassess 

whether Fe-based alloys can be used for degradable stents. 
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Conclusions and perspectives 

This work successfully developed two TWIP steels, one with and one without Ag, with 

mechanical properties superior to those of Co-Cr alloys, indicating the potential for 

manufacturing small stents for pediatric and cerebrovascular applications. The presence of Ag 

led to modified deformation and recrystallization mechanisms, which should be considered 

when designing production processes for very thin stents. The addition of Ag was however 

found neither to modify the electrochemistry of the studied TWIP steel nor to prevent formation 

of a stable passive layer over immersion times beyond 1 month. The works on long-term 

corrosion carried out in this thesis showed very similar outcomes to animal tests, which is a 

unique occurrence. This proved the potential of simple immersion tests to properly predict in 

vivo outcomes, at the condition that the right timeframe and design of experiments is considered. 

In view of clinical translation of TWIP steels for temporary vascular stents, the mechanical 

properties of the bulk alloy shall not be modified since they are already optimal. The focus should 

be put towards modifying the surface with the goal of altering the electrochemical behavior of 

the material. To do so, some strategies outlined in chapter 1 may be applied to the here studied 

TWIP steel. One of those strategies consists in nitriding the very first atomic layers, which 

proved effective in guaranteeing corrosion of pure Fe stents. Another strategy that should be 

explored is the application of a thin polymeric coating, which is normally employed to embed 

antiproliferative drugs in DES. In the case of TWIP steels, this could lower the local pH at the 

surface, expanding the electrochemically active region for both Fe and Mn where stable passive 

films are not formed by corrosion of the material. 

Finally, three more steps should be undertaken towards clinical translation once the 

corrosion problematic will be solved. The first step should consist in thorough in vitro biological 

validation of the alloy and the eventual coating by means of appropriately designed 

cytocompatibility and hemocompatibility tests. Second, starting from the preliminary works 

outlined in the general discussion of this thesis, production of full stent prototypes should be 

carried out, aiming at outer tube diameters below 3 mm and strut thicknesses below 60 µm to at 

least match the dimensions of commercial Co-Cr DES. At last, once these two challenges are 

solved, animal tests will be the final validation step towards clinical trials in humans, by ensuring 

to use appropriate animal models which will not bias the transferability.  
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